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Abstract 

 Delithiation of layered oxide electrodes triggers irreversible oxygen loss, one of the 

primary degradation modes in lithium-ion batteries. However, the delithiation-dependent 

mechanisms of oxygen loss remain poorly understood. Here, we investigate the oxygen 

nonstoichiometry in Li- and Mn-rich Li1.18-xNi0.21Mn0.53Co0.08O2-δ electrodes as a function of Li 

content by utilizing cycling protocols with long open-circuit voltage steps at varying states of 

charge. Surprisingly, we observe significant oxygen loss even at moderate delithiation, 

corresponding to 2.5, 4.0 and 7.6 mL O2 g-1 after resting at 135, 200, and 265 mAh g-1 (relative 

to the pristine material) for 100 h. Our observations suggest an intrinsic oxygen instability 

consistent with predictions of high equilibrium oxygen activity at intermediate potentials. From a 

mechanistic viewpoint, we show that cation disorder greatly lowers the oxygen vacancy 

formation energy by decreasing the coordination number of transition metals to certain oxygen 

ions. In addition, we observe a large chemical expansion coefficient with respect to oxygen 

nonstoichiometry, which is about three times greater than those of classical oxygen-deficient 

materials such as fluorite and perovskite oxides. Our work challenges the conventional wisdom 
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that deep delithiation is a necessary condition for oxygen loss in layered oxide electrodes and 

highlights the importance of calendar aging for investigating oxygen stability. 

Introduction 

 Irreversible oxygen loss is a well-known challenge in Li- and Mn-rich (LMR) layered 

oxide materials, which are promising positive electrodes for lithium-ion batteries1. This 

phenomenon, written in Kröger-Vink notation in Eq. (1), involves transition metal (TM) 

reduction, oxygen vacancy (V"⋅⋅) formation, and the irreversible loss of oxygen from the 

crystalline lattice: 

O"× 	+ 	2TM+,
× 	→ 	V"⋅⋅ + 	2TM+,

. +	
1
2O0(g)																								(1) 

 In general terms, we use O2 in Eq. (1) to represent any oxygen lost from the crystalline 

lattice that is unable to return to its original O2– state. Most intuitively, it would include 

molecular gaseous oxygen which has been observed directly during the first delithiation of LMR 

electrodes2–5. Additionally, the O2 term also includes either oxygen which reacts with the 

electrolyte or which dimerizes during cycling6–10 and is unable to return to its original O2– state. 

Regardless of the exact identity of the O2 term, the irreversible loss of oxygen from the lattice 

will modify the electrochemically-active redox couples11–16, lower the cell voltage11, and 

contribute to cation disordering within the crystalline lattice through vacancy (Schottky) defect 

pairs11,12,17. We note that Eq. (1) considers the fully lithiated (i.e. discharged) material, and thus a 

fully lithiated material which has experienced oxygen loss over cycling will exhibit a reduced 

TM oxidation state compared to that of the pristine material. At intermediate points within the 

charge/discharge cycle, the charge compensation for lost oxygen will vary. Particularly at 

surfaces, oxygen vacancies may be eliminated from the lattice through densification11,18,19, a 

process which also results in TM reduction.  

 Oxygen loss from LMR materials has been observed both during initial delithiation2–5 

and after one or more complete electrochemical cycles11–16. In both of these situations, the effect 

of Li content on oxygen loss has not been determined. Because gas evolution experiments 

typically do not detect O2(g) until charging to ~ 225 mAh g-1 (relative to the pristine material) 
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2,3,4,20,21, lattice oxygen in LMR materials is considered to be relatively stable at lower states-of-

charge (SoCs). However, seminal work22,23 from Godshall, Raistrick, and Huggins in 1984 on 

the relationship between oxygen partial pressure (i.e. oxygen activity) and voltage vs. Li/Li+ (i.e., 

lithium activity) implies that oxygen would be thermodynamically unstable throughout the entire 

charge-discharge cycle of LMR materials. It is therefore crucial to develop a more complete 

understanding of the relationship between Li content and oxygen loss.  

 With regard to kinetics, low Li contents are expected to promote oxygen diffusion. 

Temperature-programmed experiments demonstrate that oxygen loss occurs at the lowest 

temperatures (between 150 – 300 ºC) when the Li+ content is at a minimum12,24. Conversely, 

fully lithiated LMR materials take > 50 h at 600 ºC to equilibrate their oxygen content with that 

of their surroundings25,26, implying a much slower oxygen diffusivity at high Li contents. 

Mechanistically, this may be due to the formation of oxidized oxygen species at low Li contents, 

which is believed to be a prerequisite for oxygen mobility. One possibility is that molecular O2, a 

form of oxidized oxygen, is transported through a percolating network of nanovoids27. Other 

forms of oxidized oxygen, such as O– or O00–, may also contribute to transport28–30. Nonetheless, 

beyond this qualitative trend, the relationship between Li content and oxygen loss is not 

well-established for LMR materials. 

 In this work, we systematically investigate irreversible oxygen loss in 

Li1.18-xMn0.53Ni0.21Co0.08O2-δ (LMR-NMC) as a function of Li content. We perform X-ray 

absorption spectroscopy (XAS) on electrodes subjected to long open-circuit voltage (OCV) 

resting steps at different SoCs. These experiments are conducted during the first cycle of 

LMR-NMC to limit both the microstructure change and cation disordering11,31–33. While 

irreversible oxygen loss has been well-documented for fully charged electrodes2, surprisingly, 

we show that oxygen loss in the absence of cycling is extensive even at SoCs as low as charging 

the pristine material to 135 mAh g–1. Quantitatively, we observed an oxygen loss equivalent to 

2.5 ± 0.2, 4.0 ± 0.4, and 7.6 ± 0.6 mL O2 (25 ºC and 1 atm) per gram of LMR-NMC after 

resting at 135, 200, and 265 mAh g-1 for 100 h, respectively. We further show an unusually large 

lattice chemical expansion in the fully discharged state (0.17%, 0.64%, and 1.4% after resting at 

135, 200, and 265 mAh g-1 for 100 h, respectively) that is significant compared to the lattice 

contraction due to delithiation. The large chemical expansion observed, which we attribute to 
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oxygen nonstoichiometry, establishes a direct link between oxygen loss and mechanical 

degradation (e.g. particle cracking). Density-functional theory (DFT) calculations show that 

oxygen vacancies prefer atomic sites with a large number of non-transition metal (i.e. Li) 

neighbors, indicating that disordered oxides, even at full lithiation, are more unstable with 

respect to oxygen loss. In LMR-NMC, the extent of disorder increases over cycling11, increasing 

the concentration of possible sites for oxygen vacancies. This work highlights the significant 

challenge of preventing oxygen loss in LMR materials, particularly when they are calendar-aged 

at moderate to high SoCs, and reveals an unusually large chemical expansion coefficient that 

exacerbates microstructural degradation.  

Oxygen Loss During OCV Rests 

 Oxygen loss is typically observed after full electrochemical cycles11,13,15. Here, to isolate 

the effect of Li content on oxygen loss in LMR-NMC, as-fabricated electrodes were delithiated 

to different Li contents at 13.5 mA g-1 (~C/20). Upon reaching the targeted Li content, we rest 

the electrodes at OCV for either 1 min or 100 h. Subsequently, these cells were discharged at 

13.5 mA g-1 to 2.5 V vs. Li/Li+ and held at that voltage for ~ 16 h to relithiate (Fig. 1a). Finally, 

X-ray absorption spectroscopy, microscopy, and diffraction were taken in the discharged state. 

For each calendar aging experiment, the electrodes never experienced delithiation beyond the 

resting SoC. We note that the LMR-NMC material used here has excellent low-rate capacity 

retention11 (> 95% over 500 cycles).   

 The Mn oxidation states of LMR-NMC electrodes determined through K-edge XAS are 

shown in Fig. 1b (see Fig. 2 for L-edge XAS). First, as a baseline, for LMR-NMC exposed to 

electrolyte for > 300 h without cycling, only a small amount of TM reduction is observed (Mn4+ 

to Mn3.98+). This is may be due to the formation of a surface reconstruction layer, which has been 

shown to form with electrolyte exposure even in the absence of cycling34. Second, the Mn 

oxidation state of the cycled samples decreases substantially (to as low as Mn3.81+), with 

electrodes charged to higher SoCs exhibiting lower Mn oxidation states. Finally, the extent of 

Mn reduction increases systematically with open-circuit resting time, even for samples which are 

only charged to moderate SoCs (e.g. 135 – 200 mAh g-1).  
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A reduction in the TM oxidation state (evaluated with the integral method35) is an 

indicator of oxygen loss on the basis of electroneutrality (see Eq. (1)), calculated here in the 

same way as in our previous work11. We note that, while the Li content of the cycled material is 

slightly lower than that of the pristine material (Supplementary Table 1), incomplete relithiation, 

which may be due to densification on the particle surface11,18, does not explain the observed TM 

reduction. Rather, because Li loss is charge balanced with TM oxidation, the fact that there is 

incomplete relithiation indicates that we are slightly underestimating the actual amount of 

oxygen loss (Supplementary Note 1).  

The calculated oxygen loss quantities, summarized in Supplementary Table 2, are 

surprising, as gas evolution experiments typically detect oxygen gas only at the very end of 

charging (at SOCs > 225 mAh g-1)2,3,4,20,21. In contrast, for example, our results show that an 

electrode charged only to 200 mAh g–1 and rested for 100 h loses 1.4 at. % of O (Supplementary 

Table 2). Even for electrodes charged to 135 mAh g-1, immediately prior to the high-voltage 

plateau (Fig. 1a), we observe up to 0.9 at. % oxygen loss (Supplementary Table 2). The 

observation of oxygen loss after charging to 135 mAh g-1, together with previous observations of 

negligible oxidized oxygen upon charging to this SoC (without calendar aging)36, calls into 

question the hypothesis that oxidized oxygen is necessary for oxygen transport in LMR 

materials. We note that the discrepancy between gas evolution measurements and implied 

oxygen loss from XAS experiments may be due to the fact that the former generally have 

difficulty detecting low rates of oxygen loss occurring over extended periods of time. One reason 

for this is that oxygen may react with other species in the battery before escaping as a gas3.  

 To understand the spatial distribution of Mn reduction, we turn to scanning transmission 

X-ray microscopy (STXM), performed at the Advanced Light Source (ALS)37. Here, we map the 

nanoscale Mn oxidation state utilizing the Mn L3-edge11. Figure 2a–c shows STXM images of 

the Mn oxidation state for the pristine sample as well as those of samples charged to 200 and 265 

mAh g–1, rested for 100 h at OCV, and discharged to 2.5 V vs. Li/Li+ (with a ~16 hr voltage 

hold). While Mn in the pristine material is in the 4+ state, we observe a significant Mn reduction 

in the discharged electrodes which had been charged to 200 or 265 mAh g–1 (Fig. 2d). This 

finding corroborates the results shown in Figure 1b, which were taken at the Mn K-edge, 

providing unambiguous evidence of Mn reduction in the cycled electrodes. Interestingly, Fig. 2e 
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reveals that a significant amount of Mn reduction is observed even in thicker regions of the 

electrode particles shown here. This observation directly reveals that bulk LMR-NMC is oxygen 

deficient, even for electrodes charged to just 200 mAh g-1. 

Single-Phase Lattice Expansion 

 Similar to our previous report on LMR-NMC during cycling-induced aging11, the 

electrodes maintained their native layered structure following calendar aging (Fig. 3a,b and 

Supplementary Fig. 1). However, following the initial cycle, we observed a lattice expansion 

(compared to the pristine material) along both the a and c axis (Fig. 3a,b and Supplementary Fig. 

2). The lattice volume expansion is significant, reaching 1.4% for the sample which was rested 

for 100 h at 265 mAh g-1. The single-cycle lattice expansion was larger for electrodes charged to 

and rested at a higher SoC (Fig. 3c). Lattice expansion in LMR materials is indicative of oxygen 

vacancies, as the formation of oxygen vacancies reduces TM species and results in longer M–O 

bonds11. Indeed, combining the XAS results with the lattice volume measurements 

(Supplementary Tables 2 and 3) reveals that the lattice volume is essentially linear with the 

amount of oxygen loss (Fig. 3d) and with the Mn oxidation state (Supplementary Fig. 3). We 

note that the c lattice parameter is no longer linear with oxygen vacancy concentration after ~ 4 

at. % O has been removed from the lattice (Supplementary Fig. 2). We acknowledge that cation 

disordering concomitant with oxygen loss may also contribute to the evolution of the lattice 

constants.  

 Importantly, because the lattice volume in LMR materials is known to contract at the 

beginning of charge with delithiation38, the lattice expansion observed here cannot be attributed 

solely to incomplete re-lithiation on discharge. Consistent with our findings, previous work38 

also shows that the lattice parameters of the lithiated state are highly sensitive to the cycling 

history. Only electrodes which are first charged to a high SoC experience lattice expansion in the 

lithiated state relative to the pristine material. 

 Lattice expansion due to oxygen nonstoichiometry is a well-known phenomenon in many 

oxides, with ceria and perovskites (such as LaTMO3) being among the most familiar examples39–

42. Quantitatively, the relationship between the lattice volume and oxygen nonstoichiometry is 

quantified via the chemical expansion coefficient42,	𝛼7, which relates the compositional 
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eigenstrain, 𝜀, to the fractional concentration of oxygen vacancies, [V"⋅⋅]: 𝜀 = 	𝛼7[V"⋅⋅]. Note that 

[V"⋅⋅] is normalized to the entire oxygen sublattice42. Fitting to the linear trend between lattice 

volume and amount of oxygen loss in Fig. 3d, we obtain an unusually large chemical expansion 

coefficient, 𝛼7, of 0.68. This value is quite striking considering that most perovskites42 have 𝛼7 

values determined with respect to [V"⋅⋅] near 0.1. Even ceria42, a material well-known for its 

lattice expansion induced by the presence of oxygen vacancies, has a 𝛼7 value calculated with 

respect to [V"⋅⋅] of ~ 0.2. The large	𝛼7 for LMR-NMC can result in a greater than 4% lattice 

expansion over cycling11, which likely contributes to material cracking, thereby decreasing the 

oxygen diffusion length and accelerating degradation.  

Energetics of oxygen vacancy formation 

  To better understand where oxygen vacancies prefer to form crystallographically in 

LMR-NMC, DFT calculations were performed to investigate the energetics of oxygen vacancies 

at different sites in both the pristine structure and in the disordered structure after cycling. To 

represent LMR-NMC, which exhibits disorder and nanodomains43, we used a model representative 

Li-rich Co-free composition of Li1.16Mn0.67Ni0.16O2. For the pristine structure, we first determined 

the distribution of different local oxygen coordination environments using cluster expansion and 

Monte Carlo simulations (Methods). Figure 4a (and Supplementary Fig. 4) shows the distribution 

of O environments in the pristine material, which indicates that all O ions are coordinated to either 

two or three TM (i.e., Mn, Ni) ions: 50% are O–Li3TM3 and 50% are O–Li4TM2.  

To represent the structure after cycling, which introduces crystallographic site disorder into 

the structure due to TM ion migration36 (Supplementary Table 3), we used a special quasirandom 

structure (SQS), which approximates a randomly disordered configuration44. The cycled electrode 

model (Figure 4b) contains a distribution of oxygen coordination environments; some O atoms 

have zero or one TM neighbor (O–Li6, O–Li5TM) whilst some have four or five TM neighbors 

(O–Li2TM4, O–LiTM5). The SQS model contains no O sites with six TM neighbors (O–TM6), 

which, statistically, have a low probability of appearing because the material has a high Li to TM 

ratio. 
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To understand the preferred location of oxygen vacancies in the structure, the formation 

energies of oxygen vacancies (∆E(Ovac)) at different sites (of the defect reaction in Eq. 1) were 

calculated according to the following equation: 

∆E(O>?@) = AE(V"⋅⋅ + 2TM+,
. ) +

1
2EBO0(C)DE − 	E

(O"× + 2TM+,
× )										(2) 

Here, E(O"× + 2TM+,
× ) is the energy of a structural model with all the O sites occupied, 

E(V"⋅⋅ + 2TM+,
. ) is the energy of the same structure but with a single oxygen vacancy 

charge-compensated by the reduction of two transition metal (TM) ions, and EBO0(C)D is the energy 

of a gaseous oxygen molecule.  

Figure 4a,b shows the values of ∆E(O>?@) at different O sites in the pristine and cycled 

structure, plotted according to the coordination of the O site to TM neighbors. Sites in the pristine 

structure with O–Li3TM3 and O–Li4TM2 coordination have high positive oxygen vacancy 

formation energies between 2.5 eV and 5.0 eV. Such high formation energies for these sites 

indicate that O vacancies will not be prevalent in the pristine electrode, consistent with previous 

observations26. O–Li2TM4 and O–LiTM5 sites in the cycled electrode also exhibit high ∆E(O>?@). 

Conversely, sites with O–Li5TM and O–Li6 coordination, which appear only after cation 

disordering, have substantially lower oxygen vacancy formation energies. O–Li5TM sites have 

∆E(O>?@) values predominantly below 2 eV. Interestingly, O–Li6 sites have negative ∆E(O>?@), 

indicating that it is thermodynamically favorable for oxygen vacancies to spontaneously form at 

these oxygen sites. As a general rule, oxygen vacancies prefer sites that have a large number of Li 

(i.e. non-TM) neighbors. Importantly, because these calculations were carried out on the fully 

lithiated material, our results imply that disordered oxides can be unstable to oxygen loss even in 

the fully lithiated/reduced state. Furthermore, we emphasize that ∆E(O>?@) is expected to be more 

negative (i.e. oxygen vacancy formation will be more favorable) once the material has been 

delithiated28,45 (see Supplementary Note 2).   

To better understand the origin of the unusually large chemical expansion coefficient 

observed experimentally, we also performed DFT calculations in which we increased the number 

of oxygen vacancies in the SQS cell up to 6.25% oxygen deficiency. Supplementary Fig. 5 shows 
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the unit cell volume as a function of the number of oxygen vacancies. As found experimentally, 

there is an expansion in the unit cell volume as the number of oxygen vacancies increases, with a 

large 𝛼7 of around 0.22. This relatively large 𝛼7 is qualitatively consistent with the large 

experimental chemical expansion coefficient. With that said, it is still lower than our experimental 

𝛼7 value of 0.68. This discrepancy may be due to various factors including compositional 

differences and additional structural changes (e.g. dislocations46)  associated with oxygen loss that 

occur over cycling and are not fully captured in our DFT simulations.  

Open-Circuit Voltage Relaxation 

 Previous studies have found that oxygen loss and the concomitant TM reduction lowers 

the discharge voltage of LMR materials over cycling11,12. Consistent with such work, Fig. 5 

shows that there is a notable decrease (up to ~ 240 mV) in the voltage of LMR–NMC during the 

open-circuit resting period2 of 100 hours. The voltage drop during open-circuit trends 

systematically with SoC, and therefore with oxygen loss (Fig. 1b). Interestingly, the discharge 

curves following the rest periods also occur at lower voltages (Supplementary Fig. 6) than those 

of electrodes which do not experience a rest period. We note that the additional coulombic 

inefficiency during calendar aging is nearly constant as a function of resting capacity 

(Supplementary Fig. 7). Therefore, it is unlikely that the results in Fig. 5b can be explained 

solely by self-discharge of the cells during resting. While the decrease in voltage is consistent 

with TM reduction via oxygen loss12 we acknowledge that there are many other possible 

contributors including intra-particle Li+ homogenization, inter-particle Li+ homogenization47, 

self-discharge, and structure rearrangement6,48 (e.g.TM migration36).  

Discussion 

 We reveal that LMR-NMC loses oxygen at moderate SoCs during the first cycle, with 

irreversible oxygen loss occurring at SoCs as small as 135 mAh g-1. The quantity of oxygen loss 

is also significant, as much as 2.7 at. % of oxygen after resting 100 h at 265 mAh g-1 (see 

Supplementary Table 2), corresponding to more than 7 mL of O2 (25 ºC and 1 atm) loss per gram 

of LMR–NMC. While it oxygen loss is typically observed only at the end of charging2,3,4,20,21, 

our findings paint a different picture in which oxygen is unstable throughout much of the 

charge/discharge cycle. Thermodynamically, our observations are consistent with the work from 
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Godshall et al., in which they correlated the equilibrium oxygen activity (aO2) of ternary lithium 

transition metal oxide electrodes with the voltage obtained vs. a Li/Li+ counter electrode22. They 

showed that for the specific case of an equilibrium between lithium oxide and two binary 

transition metal oxides (e.g. Li2O, MO, and MO2, in which M represents a single transition 

metal), the relationship between aO2 and voltage at 25 ºC is described by: 

𝐸 = 0.01476	 logOP(𝑎𝑂0) + 2.91	𝑉																(3) 

Employing this equation results in an equilibrium aO2 of 1050 atm at 3.65 V, a seemingly 

moderate voltage which is well-surpassed even by the electrode that is charged to just 50 mAh 

g-1. Godshall et al. also experimentally determined aO2 and voltage values for many equilibrium 

mixtures of three phases (referred to as “tie triangles”) with various crystal structures and 

compositions. Even when the components of a given tie triangle did not meet the requirements to 

solve for Eq. (3) analytically, the experimental relationship between voltage and aO2 was found 

to be in close agreement to Eq. (3). These results therefore imply that Eq. (3) combined with a 

voltage measurement is a reasonable estimator of the equilibrium aO2 in layered oxide positive 

electrodes. In Supplementary Note 2, we additionally provide a defect chemical derivation to 

further support the instability of oxygen based on the DFT results in Fig. 4b (also see 

Supplementary Fig. 8).  

In summary, the large aO2 at moderate potential establishes the driving force for oxygen 

loss, while the low oxygen vacancy formation energy determines the equilibrium fraction of 

oxygen vacancies. We note that surface TM reduction has been found in electrodes which are 

soaked in electrolyte without even being charged34, providing further experimental evidence that 

layered oxide materials are thermodynamically unstable to oxygen loss even at low SoCs 

(Supplementary Note 2)34. Furthermore, we emphasize that the formation of trapped dimerized 

O26–10 is consistent with this picture, as it indicates a thermodynamic instability with respect to 

dimerized O2 and an oxygen-deficient layered oxide27.  

Finally, the results shown in Fig. 1b imply that the oxygen loss process partially 

passivates over time. To demonstrate this, we approximate the process as diffusion-limited in 

which oxygen is mobile with a constant diffusivity when the SoC is over 135 mAh g–1 
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(corresponding to a Li content of ~ 0.75) and has no mobility below this SoC (Supplementary 

Fig. 9a). Using this simple model (Supplementary Note 3, Supplementary Fig. 10), for each 

electrode that is charged beyond 135 mAh g-1 (Supplementary Table 2), we fit an effective 

oxygen diffusivity to account for the experimentally determined Mn oxidation state. 

Interestingly, Supplementary Fig. 9b shows that this fitted oxygen diffusivity is highest in 

electrodes which are rested for only 1 min, while the electrodes which experience 100 hr or 150 

hr rests can be fitted with a lower oxygen diffusivity. This result implies that the oxygen 

diffusion and loss process is passivating over time. We believe that the most likely reason for the 

passivation of oxygen diffusion/loss is the formation and stabilization of a surface reconstruction 

layer34,18, which may serve to block oxygen from leaving the primary particles.  

Implications for Designing Lithium-ion Positive Electrodes 

 Our results have significant implications for strategies to prevent oxygen loss from LMR 

layered oxide electrodes over cycling. The large equilibrium oxygen activity, together with the 

predicted negative oxygen vacancy formation energy (Fig. 4b), establishes the thermodynamic 

favorability of oxygen vacancy formation at moderate SoCs. Experimentally, our results 

demonstrate that the thermodynamic instability22,49 of oxygen can have severe consequences for 

LMR electrodes, even when avoiding aggressive cycling conditions. As such, 

thermodynamically stabilizing oxygen atoms in layered oxide electrodes will be challenging. 

Instead, inhibiting the kinetics of oxygen diffusion and loss offers a more viable approach to 

keep oxygen within the structure during cycling.  

The importance of oxygen diffusion kinetics underscores the need to understand the 

factors which affect oxygen diffusivity within layered oxides. Efforts to establish the oxygen 

diffusion mechanism, which to date have included studies of O– hopping28, oxygen vacancy 

migration11, and fluid O227, are valuable. Likewise, direct comparison of oxygen loss in ‘Li 

stoichiometric’ layered oxides (i.e. LiTMO2), in which each oxygen atom in the ideal lattice has 

three covalent TM–O bonds, and Li-rich compounds, where many oxygens will have only two 

covalent TM–O bonds50, will prove insightful. The additional TM–O bonds in ‘Li 

stoichiometric’ oxides may prevent oxygen dimerization and kinetically mitigate oxygen loss, an 

explanation consistent with the fact that LMR materials with a lower Li:TM ratio at the surface 
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experience less oxygen loss over cycling51. Further studies should also be conducted on Na-ion 

materials which exhibit few TM–O bonding partners but virtually no first-cycle oxygen loss,52. 

Conformal coatings, while they can be difficult to synthesize53, may be an effective method of 

mitigating oxygen loss while being semi-permeable to Li. To this end, our results call for the 

tracking of TM oxidation states over time in coated materials to assess long-term oxygen 

impermeability. Finally, our results confirm that limiting the time spent at high SoCs should 

increase the voltage retention of layered oxide electrodes54. 

Conclusions 

 We utilize X-ray spectroscopy, microscopy, and diffraction to isolate the effect of Li 

content on irreversible oxygen loss in LMR-NMC electrodes during calendar aging. Our results 

reveal that oxygen is both thermodynamically unstable and partially mobile at moderate SoCs 

(e.g. ~ 135–200 mAh g-1). While this finding may be surprising, it is consistent with the 

thermodynamic relationship between Li chemical potential (voltage) and oxygen activity in other 

Li-containing systems. Mechanistically, oxygen sites with more Li neighbors, which are created 

through cation disorder, are more energetically favorable in accommodating oxygen vacancies. 

Notably, our calculations indicate that cation disordering gives rise to oxygen sites with a 

negative oxygen vacancy formation energy, even at full lithiation. We further show that 

LMR-NMC exhibits a large chemical expansion coefficient with respect to oxygen 

nonstoichiometry, approximately three times larger than typical fluorite and perovskite oxides. 

This large chemical expansion, alongside lattice contraction during delithiation, will accelerate 

material degradation through cracking. Our findings emphasize the need to improve our 

understanding of oxygen transport through Li-ion layered oxide electrodes and highlight the 

importance of utilizing calendar aging experiments to assess electrode aging.  
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Figure 1. Transition metal reduction as a function of Li content. a Electrochemical cycling 
curves of pristine LMR-NMC being charged to various SoCs (13.5 mA g-1) before being 
discharged (also see Supplementary Fig. 6). The high-voltage plateau begins after approximately 
135 mAh g-1 of charge has passed. For the curves shown in blue, a 1 min OCV rest is performed 
in between charge and discharge. A 100 hr OCV rest is performed for the curve in red (also see 
Supplementary Fig. 6). The circular point for each curve represents the end of the constant 
voltage hold on discharge. b The Mn oxidation state as a function of electrochemical protocol. 
More Mn reduction occurs for cells which are charged to a higher capacity (lower Li content). 
More Mn reduction also occurs for cells which experience a 100 hr OCV rest period, particularly 
at higher SoCs. We note that a separate cell was tested for each ex situ data point used in this 
figure. 
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Figure 2. Spatial dependence of the Mn oxidation state. The electrodes shown are a the 
pristine material b an electrode charged to 200 mAh g-1 before being discharged and c an 
electrode charged to 265 mAh g-1 before being discharged. The electrodes in (b) and (c) both 
experienced a 100 hr open-circuit voltage resting period between charge and discharge. The scale 
bar in each image is 400 nm. d The bulk-averaged spectra showing that the electrodes which 
reach a higher capacity on charge exhibit a more reduced Mn oxidation state at the end of 
discharge (also see Supplementary Figure 11). e The Mn oxidation state determined by the 
fraction of the Mn3+ end member spectrum (see Supplementary Figure 11) found in each 
electrode as a function of the pixel-wise particle thickness (see Methods). The significant amount 
of Mn reduction even in thicker regions indicates that some amount of bulk reduction occurs 
within a single electrochemical cycle. The dotted lines correspond to the bulk-averaged oxidation 
states determined through Mn K-edge spectroscopy (Fig. 1b). Only data points resulting from the 
weighted average of over 10 pixels are included to avoid misinterpreting results originating from 
a small number of individual pixels.   
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Figure 3. Lattice expansion as a function of the upper capacity cutoff. a The (003) peak and 
b the (21V0) peak of the lithiated material indicate that the material remains in the original layered 
phase at the completion of the cycling protocol (see also Supplementary Fig. 1). For cells which 
experience a higher upper capacity cutoff, the two peaks shift to lower Q, indicating an 
expansion of the lattice (Supplementary Fig. 2). All electrodes shown here experienced a 100 hr 
open-circuit rest period. We note that the peak at lower Q (Q < 4.35 Å-1) in panel b is the (108V) 
peak. c The lattice volume increases with upper capacity cutoff, which we attribute to oxygen 
loss11. Longer rest times at the upper capacity cutoff result in more lattice expansion, although 
little difference is observed between electrodes which experience a 100 hr rest and those which 
experience a 150 hr rest. d The lattice volume is highly correlated with the amount of oxygen 
loss (see Supplementary Tables 2 and 3) for all electrodes measured, suggesting that the lattice 
volume in the fully discharged state can be used as an estimate for the amount of oxygen loss. 
Note that the six data points in blue are taken from a previous work11 which examined the same 
material considered here after up to 500 electrochemical cycles. The pristine electrode with zero 
oxygen loss is also the same as in our previous work11. The Pearson’s correlation coefficient for 
the data shown in this panel is 0.98. The data indicate a chemical expansion coefficient of 𝛼7 = 
0.68 through the equation 𝜀 = 	𝛼7[V"⋅⋅]. 
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Figure 4. Oxygen environments and oxygen vacancy formation energies. a (top) Distribution 
of oxygen coordination environments in pristine Li1.16Mn0.67Ni0.16O2 obtained from the cluster 
expansion and Monte Carlo simulations; all sites are either O–Li3TM3 or O–Li4TM2. (bottom) 
Formation energy of oxygen vacancies ∆E(Ovac), as a function of oxygen coordination 
environment for six sites in the pristine structure b (top) Distribution of oxygen coordination 
environments in a special quasirandom structure (SQS) model, representing configurational site 
disorder in the cycled electrode. The SQS model contains new O–Li6, O–Li5TM, O–Li2TM4 and 
O–LiTM5 environments. (bottom) Oxygen vacancy formation energies of 48 O sites in the SQS 
structure. c Structure of pristine material (top and side view). d Structure of cycled material (top 
and side view).  
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Figure 5. Voltage drop during open-circuit relaxation. a The voltage decay during a 100 hr 
open-circuit relaxation for cells which were first charged to different SoCs. b The change in 
open-circuit voltage during relaxation as a function of the resting capacity achieved on charge. 
We believe that this cannot be explained from the small amount of self-discharge which may 
occur during OCV resting (Supplementary Figure 7). 
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Methods: 

Materials: Li1.18Mn0.53Ni0.21Co0.08O2 was synthesized as previously reported36. Briefly, a mixed 
transition metal hydroxide precursor was coprecipitated from transition metal sulfate salts. The 
precursor was then mixed with Li2CO3 and calcined. This material stoichiometry was measured 
by ICP-MS, and was used for all calculations in the text.  

Electrochemical Testing: Electrode sheets were fabricated with 80% active material, 10% 
carbon black, and 10% polyvinylidene fluoride (PVDF). We utilized a microbalance (XPR2, 
Mettler Toledo) to mass the electrodes. 2032-type coin cells were used for all electrochemical 
tests. The cells were fabricated in an argon filled glove box using metallic lithium counter 
electrodes. A EC:DEC (1:1 by weight) electrolyte with 1M LiPF6 was utilized. A BCS-805 (Bio-
logic) potentiostat was used for cycling. For the C/20 rate stated in the text, the rate that was used 
for all electrochemistry in this work, a theoretical capacity of 270 mAh g-1 was used.  

Scanning transmission x-ray microscopy: Sonication and dispersion was used to prepare 
samples after removal from coin cells as reported previously36. The samples were sealed under 
argon and taken to the Advanced Light Source (ALS) at Lawrence Berkeley National 
Laboratory. A 45 nm zone plate was used, and a detailed description of the data analysis method 
can be found in our previous work11. We note that the sum of linear combination coefficients 
was used for determining the pixel-wise particle thickness (see Supplementary Figure 33 in our 
previous work11). The reference spectrum (see Supplementary Figure 11) for Mn2O3 was taken 
from previous work11, while the reference spectrum for the pristine sample was taken from the 
sample shown in Fig. 2a in the main text. 

X-ray diffraction: Synchrotron X-ray diffraction was performed and analyzed as described in 
our previous work11. Briefly, we utilized a 17 keV beam energy at beamline 2-1 at the Stanford 
Synchrotron Radiation Lightsource (SSRL). Note that the pristine sample XRD pattern is the 
same as was used previously11.  

X-ray absorption spectroscopy: X-ray absorption was conducted following the method 
described in our previous work11. Briefly, X-ray absorption was conducted at beamline 2-2 at 
SSRL in transmission mode. The electrodes harvested from cells were sealed under a pouch 
under argon. The data was analyzed using the ATHENA software package55. We note that the 
pristine sample XAS data was also used in previous work11.  

DFT Calculations: To determine the structure of pristine (uncycled) electrode and the frequency 
of different oxygen environments present, we fitted a cluster expansion model to 
Li1.16Mn0.67Ni0.16O2, using the ICET code, and ran Metropolis-Hastings lattice Monte Carlo 
simulations using the mchammer module of ICET56. To fit the CE, we used a ternary Li-Mn-Ni 
basis, in the primitive rocksalt unit cell, using structures based upon R-3m conventional unit cell 
of layered O3–LiCoO2. The fit consisted of pair interactions up to 7.5 Å, triplet interactions up to 
4.5 Å, and quadruplet interactions up to 4.5 Å. The cluster expansion was fitted with structures 
and energies from 190 density functional theory (DFT) calculations at the PBE+U level of theory 
in structures formed from (2×2×1) and (3×2×1) expansions of the conventional LiCoO2 unit cell. 
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Relaxed structures from the DFT calculations were mapped back onto the primitive unit cell lattice 
using the map_structure_to_reference tool in ICET.  

An initial set of 50 training structures was generated at random. From this training set, a 
low-quality cluster- expansion fit was obtained. Using this CE Hamiltonian, we ran lattice Monte 
Carlo simulations at temperatures between 0K and 1000K to generate additional structures with 
which to re-train the CE, and this procedure was repeated several times The cluster expansion was 
fitted with a k-fold cross-validation, scheme, using a set of 10 splits. The effective cluster 
interactions (ECIs) were obtained using a least absolute shrinkage and selection operator (LASSO) 
regression analysis, with a recursive feature elimination (RFE) approach, in which minimally 
contributing parameters are removed recursively, and the cross-validation score calculated, 
repeated until the cross-validation score no longer improves. The LASSO + RFE approach resulted 
in a fit with 25 non-zero ECIs. The final CE was fitted with a k-fold cross-validation root-mean-
squared error (RMSE) obtained by the LASSO + RFE approach of 6 meV atom−1.  

To obtain structures to sample different local oxygen-ion environments, we generated a 
structure of layered LNMO in a 24×24×3 expansion of the conventional R-3m unit cell (containing 
6912 atoms) with a random distribution of Li, Ni and Mn in the transition metal layers, and ran 
Monte Carlo simulations of the cell at a constant temperature of 1173 K, which is the calcination 
temperature previously used to produce LMR-NMC11. The Monte Carlo simulations were run for 
1,000,000 MC cycles, and from the second half of this trajectory, we sampled 1000 structures to 
analyze their local environments. Analysis of the local environments used the Python 
polyhedral_analysis code57. To obtain a structure with local environments representing those in 
the cycled electrode, we generated a special quasirandom structure (SQS) model using the ICET 
code, which implements the algorithm proposed by Zunger et al.44 

First-principles density functional theory (DFT) geometry relaxations, using the DFT+U 
approach, were performed to generate a training set of structures to parameterize the cluster-
expansion model. All DFT+U calculations were performed using the plane-wave DFT Vienna Ab 
Initio Simulation Package (VASP) code58–60. Valence electrons were described by a plane-wave 
basis set with a cutoff of 550 eV. Interactions between core and valence electrons were described 
using the projector-augmented wave (PAW) method. Electronic exchange and correlation were 
approximated using the semi-local Perdew–Burke–Ernzerhof (PBE) generalized gradient 
approximation (GGA) functional, with a rotationally averaged Hubbard U correction61 of 3.9 eV 
applied to the Mn 3d orbitals, and 6.2 eV to the Ni 3d orbitals to correct the self-interaction error 
(SIE)62. Reciprocal space was sampled with a discretization of 25 k-points Å−1, and the electronic 
and ionic loops were converged with tolerances of 10−6 eV and 0.02 eV Å−1 for the total energy 
and interatomic forces respectively. All calculations were initialized with transition metal ions in 
a ferromagnetic configuration. Dispersion forces were included using Grimme’s semiclassical D3 
correction63. 

To calculate accurate oxygen vacancy formation energies, we used hybrid-exchange DFT 
calculations in the  local basis set CRYSTAL17 code64. Oxygen vacancy calculations were 
performed on a layered structural models in a 4×3×1) expansion of the conventional unit cell, 
containing 144 atoms, and a SQS cell containing 92 atoms. Oxygen atoms were systematically 
removed from the structure, which was then fully-relaxed. Electronic exchange and correlation 
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were approximated using the screened hybrid-exchange functional HSE0665. Dispersion forces 
included using Grimme’s semiclassical D3 correction63. All-electron atom-centered Gaussian 
basis sets were used for all atoms, available from the CRYSTAL online database 
(www.crystal.unito.it), with the online labels: Li (Li_511(1d)G_baranek_2013_LiNbO3), Mn 
(Mn_86-411d41G_towler_1992), Ni (Ni_86-411(41d)G_towler_1992) and O 
(O_8-411d1_cora_2005). The Coulomb and exchange series were truncated with thresholds of 
10–7, 10–7, 10–7, 10–7 and 10–14, as described in the CRYSTAL manual. Reciprocal space was 
sampled using 3×3×3 Pack-Monkhorst grid for the 144 atom (4×3×1) unit cell and a 4×4×4 mesh 
for the SQS cell66. The self-consistent field (SCF) procedure was performed up to a convergence 
threshold of ∆E =10–7 Hartree per unit cell. Calculations were initialized with all transition metal 
ions a ferromagnetic ordering and converged in the absence of spin constraints. All structures 
were full relaxed (lattice parameters and atomic positions) in the absence of symmetry, using the 
default force and energy convergence criteria in CRYSTAL17. Such a computational approach 
has been applied to recent studies of Li-rich electrode6–8. 
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