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Tetrahedrally-bonded III-N and related alloys are useful for a wide range of applications, from optoelec-
tronics to dielectric electromechanics. Heterostructural AlN-based alloys offer unique properties for piezo-
electrics, ferroelectrics, and other emerging applications. Atomic-scale point defects and impurities can
strongly affect the functional properties of materials, and therefore, it is crucial to understand the nature
of these defects and mechanisms through which their concentrations may be controlled in AlN-based al-
loys. In this study, we employ density functional theory with alloy modeling and point defect calculations
to investigate native point defects and unintentional impurities in Al1−xGdxN alloys. Among the native
defects that introduce deep mid-gap states, nitrogen vacancies (VN) are predicted to be in the highest
concentration, especially under N-poor growth conditions. We predict and experimentally demonstrate
that VN formation can be suppressed in thin films through growth in N-rich environments. We also find
that Al1−xGdxN alloys are prone to high levels of unintentional O incorporation, which indirectly leads
to even higher concentrations of deep defects. Growth under N-rich/reducing conditions is predicted to
minimize and partially alleviate the effects of O incorporation. The results of this study provide valu-
able insights into the defect behavior in wurtzite nitride-based alloys, which can guide their design and
optimization for various applications

1 Introduction
Alloying of ultra-wide band gap aluminum nitride (AlN) with
other III-nitrides has unlocked attractive optoelectronic and elec-
tromechanical properties that have been utilized for developing
ultra-violet light-emitting diodes,1 resonators2,3 etc. For exam-
ple, AlN is commonly alloyed with isostructural GaN and InN
to tailor its optoelectronic properties for light-emitting diodes.4

More recently, AlN has been alloyed with heterostructural ScN
(rocksalt) and BN (hexagonal) to tune its piezo- and ferro-electric
properties.5–10 AlN-based wurtzite alloys have also drawn atten-
tion for direct, monolithic integration with semiconductor devices
based on tetrahedrally-bonded Si and GaN. Heterostructural AlN-
based alloys (Figure 1a) are particularly interesting because they
exhibit unique thermodynamics of mixing (Figure 1b), and elec-
tromechanical and optical properties. Alloying AlN with ScN has
been found to significantly enhance the piezoelectric response,
with up to 40% increase in d33 compared to pristine AlN.11,12

Er3+ and Yb3+, which are larger cations than Sc3+, have been ef-
fectively substituted at x = 0.015 and up to approximately x =
0.15, respectively.13,14 The utilization of trace amounts of Gd3+

ions in AlN and GaN has been primarily explored in the context of
optoelectronics such as cathodoluminescence and field-emission
devices.15–17 In our recent work, we have successfully grown
thin-film wurtzite Al1−xGdxN with higher Gd content (up to x =
0.25)18 than previously reported.19–23

While laboratory X-ray probes suggest high crystalline fidelity,
it is also well known that AlN-based alloys harbor atomic-scale
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point defects (e.g., nitrogen vacancies) and impurities (e.g., in-
corporated oxygen) that strongly influence their functional prop-
erties, even when present in sub-percent levels. For exam-
ple, defect-mediated non-radiative recombination (Figure 1e) re-
duces the external quantum efficiency (EQE) of optoelectronic
devices.24,25 Therefore, the investigation of native defects and
unintentional impurities is crucial for developing defect control
strategies with the ultimate goal of optimizing alloy functional
properties.26

However, systematic interrogation of such point defects and
impurities is complicated by their low concentrations relative to
atomic sites, requiring sophisticated metrology (e.g., deep level
transient spectroscopy, time-resolved photoluminescence, elec-
tron paramagnetic resonance) to derive indirect evidence. As
such, first-principles calculations have been widely employed
to predict the defect properties of materials for photovoltaics,
thermoelectrics, solid-state batteries, heterogeneous catalysis
etc.27,28 Predictive modeling of point defects in alloys is particu-
larly challenging because of the underlying site disorder. Some
recent efforts focused on defect modeling in alloys and disor-
dered phases have utilized motif-based model Hamiltonians,29

low-Madelung energy ordered structures, or low-energy ordering
combined with statistical thermodynamics.28 We have previously
developed a methodology for prediction of defect formation en-
ergy in alloys26 by modeling with special quasirandom structures
(SQS)30 and adapting the standard defect calculation approach
for disordered phases.31

Motivated by the growing interest in wurtzite AlN-based alloys
with group-3 and rare-earth elements, we now focus on the het-
erostructural Al1−xGdxN alloy in the wurtzite phase (Figure 1a).
The goal of this study is to develop practical defect control strate-
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Fig. 1 (a) Al1−xGdxN are heterostructural pseudo-binary alloys between wurtzite AlN and rocksalt GdN. (b) Schematic alloy mixing enthalpy (∆Hmix)
curves showing wurtzite ground-state structure at Gd atomic fractions x < xc. (c) Structure of wurtzite Al1−xGdxN alloy showing local distortions. (d)
Native vacancies (VAl, VGd, VN) and O impurities (ON). (e) Deep defects introduce mid-gap states that cause non-radiative carrier recombination.

gies for Al1−xGdxN alloys. Specifically, we want to answer the
following questions: (1) How could we tune the synthesis condi-
tions to reduce deleterious deep defects that cause non-radiative
carrier recombination (Figure 1e)? (2) Do Al1−xGdxN alloys suf-
fer from unintentional oxygen incorporation, common in many
nitrides and nitride-based alloys?, and (3) If yes, does O incorpo-
ration exacerbate defect-mediated carrier recombination?

We use density functional theory (DFT) calculations in conjunc-
tion with our methodology for modeling defects in alloys26 to
answer these specific questions. Our calculations reveal that the
dominant native deep defects in Al1−xGdxN alloys are nitrogen
vacancies (VN), which can be minimized through growth under
N-rich conditions. We experimentally validate this theoretical pre-
diction by growing Al1−xGdxN alloys as thin films while varying
the nitrogen plasma power and showing a systematic suppression
of sub-band gap optical absorption associated with deep defects.
We also predict high levels of O incorporation on N sites in these
alloys. While substitutional ON defects do not introduce deep
defect states themselves, O incorporation indirectly increases the
concentration of other native deep defects by affecting the Fermi
energy. Guided by our theoretical predictions, we offer practical
defect control strategies that are broadly applicable to the large
and growing family of wurtzite AlN-based alloys.

2 Background

The formation energy of point defects (∆ED,q) is calculated us-
ing the supercell approach (see Section 5 for details). The results
of the defect calculations are typically presented in the form of
defect diagrams and energy level diagrams. These diagrams are
useful for qualitative assessment of defect and impurity proper-
ties as well as quantitative determination of defect and electronic
charge carrier (electrons, holes) concentrations.

In a defect diagram (Figure 2a), ∆ED,q is plotted against the
Fermi energy (EF), which is typically referenced to the valence
band maximum (VBM). For semiconductors and insulators, EF

ranges from the VBM (EF = 0) to the conduction band minimum
(EF = Eg, where Eg is the band gap). For degenerate semicon-
ductors, EF should lie inside the corresponding bands. Each set
of connected lines (solid red, solid blue, dotted blue) in Figure
2a represents a defect D, which could be Al vacancy (VAl), Gd
vacancy (VGd), nitrogen vacancy (VN), or substitutional O on N
site (ON) – all shown schematically in Figure 1d. The slope of the
line is the charge state q. Conventionally, only the charge state q
with the lowest formation energy at a given EF is plotted.

Charged defects create electronic charge carriers – electrons
and holes. A neutral defect (e.g., isoelectronic doping, alloying)
does not create electronic carriers. A positively-charged defect
has a positive slope in a defect diagram and represents a donor-
like defect (Figure 2a). In other words, the defect ionizes to a
positively-charged state by donating electron(s). Donors tend to
dope the material n-type. Similarly, negatively-charged defects
are acceptor-like and tend to dope p-type.

The charge transition level (q/q′) of a defect is the Fermi en-
ergy at which the formation energies of charge states q and q′ are
equal. On a defect diagram, charge transition levels (CTLs) are
identified by points at which the slope of the defect lines changes.
A defect can have multiple CTLs, or they can be absent within
the band gap. In Figure 2a, defects D1 and D3 have one CTL,
while defect D2 has no CTL. The CTLs represent the approximate
energetic location of defect states (also, defect levels) inside the
band gap. These defect states can be shallow or deep depending
on their carrier trapping nature.

The energetic location of a CTL relative to a band edge is essen-
tially the thermal energy needed to ionize the defect i.e., release
the electronic carrier for conduction. For a donor defect, the CTL
relative to the conduction band edge is relevant. Similarly, for an
acceptor defect, the CTL location from the valence band edge is
relevant. How far the CTL is from the relevant band edge deter-
mines if a defect is “shallow” or “deep” (and how deep). When
a defect has no CTLs inside the band gap (D2 in Figure 2a), it
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Fig. 2 (a) A schematic defect diagram showing defect formation energy
(∆ED,q) plotted against the Fermi energy (EF). (b) Deep defects introduce
mid-gap states far from the relevant band edges while shallow defect
states are close to the band edges or resonant states inside the bands.

implies that the defect state(s) lies inside the bands. Such defects
are “shallow” defects, which are considered benign for optoelec-
tronics. Another case of a shallow defect is when the CTL is close
to the corresponding band edge (donor CTL relative to CBM, ac-
ceptor CTL relative to VBM), typically within a few kBT , where
kB is the Boltzmann constant. For example, D3 is a shallow de-
fect. By extension, it should be clear that “deep” defects have
CTLs far from the corresponding band edges, typically more than
few kBT (e.g., D1). Electronic carriers are trapped at these defect
sites; such carriers cannot contribute to the electrical conductiv-
ity, unlike free carriers (Figure 2b). Deep defects states also act
as centers for non-radiative carrier recombination. The CTLs are
often graphically summarized as energy level diagrams, with each
CTL labelled with the corresponding q/q′ (Figure 3g).

∆ED,q depends on the elemental chemical potentials µi (see
Section 5), which intimately depend on the chemical environment
prevalent during synthesis. Forming defects involves exchanging
atoms between the material and external elemental reservoirs.
This exchange requires a specific amount of energy, which is de-
termined by the chemical potentials of the elemental reservoirs
(µi). Here, the chemical conditions during growth dictate µi. For
example, formation of VN in AlN is more favorable when grown
under N-poor conditions (more negative µi) compared to N-rich
conditions (more positive µi).

3 Results and Discussion
We model wurtzite Al1−xGdxN alloys with special quasirandom
structures (see Section 5) at different Gd contents (x = 0.042,
0.125, 0.250) where the alloy exists in the wurtzite phase. The

alloy will adopt a wurtzite ground-state structure below the criti-
cal composition xc (Figure 1b), which was theoretically predicted
to be 0.82 in our previous study.18 We calculate the formation
energetics of point defects in these alloys using a methodology
based on the standard defect calculation approach adapted for
alloys.26 In addition to native defects, we also probe the extent
of unintentional O incorporation in these alloys via substitution
on the N site. From our theoretical predictions, we identify syn-
thetic routes for controlling deep defects in Al1−xGdxN alloys and
systematically demonstrate such control in experiments through
nitrogen plasma-assisted thin-film growth and optical absorption
measurements. Through this joint theory-experiment effort, we
answer the following specific questions pertaining to defect con-
trol strategies in Al1−xGdxN and related AlN-based alloys.

3.1 How to tune growth conditions to reduce deep defects?

To answer this question, we systematically calculate the effective
formation energy of point defects VAl, VGd, and VN in Al1−xGdxN
alloys at x = 0.042, 0.125, 0.250. The formation energetics un-
der N-rich and N-poor growth conditions for each x are shown in
the form of defect diagrams in Figures 3(a)–(f). The equilibrium
Fermi energy, EF,eq, denoted by the vertical dotted lines, are de-
termined self-consistently to satisfy charge neutrality at T = 1000
K, which was chosen as a representative effective temperature for
thin-film growth Al1−xGdxN alloys. The defect formation ener-
gies at EF,eq determine the defect and associated electronic charge
carrier concentrations. The band gap, calculated with the GW
method (see 5), decreases with increasing x (Figure 3g), which is
the expected trend considering Al1−xGdxN is an alloy between an
ultra-wide band gap insulator (AlN) and a semimetal/small band
gap semiconductor (GdN).32,33

We observe some general trends regardless of x or growth con-
ditions (N-rich vs. N-poor). The defects are amphoteric in nature
i.e., they act as donors and acceptors depending on the position
of EF. However, at EF,eq, we find that VAl and VGd act as accep-
tors while VN behaves as a donor, consistent with their general
defect behavior. VN is one of the dominant defects (high con-
centration), especially under N-poor growth conditions. Cation
vacancies (VAl, VGd) and anion vacancies (VN) introduce multi-
ple mid-gap deep defect states (Figure 3g), which is commonly
observed in many wide bandgap materials. In fact, shallow de-
fects are completely absent in wurtzite Al1−xGdxN alloys. Deep
defects introduce carrier recombination centers that are unde-
sired in minority-carrier device applications such as light-emitting
diodes. AlN and AlN-based alloys are also considered for power
electronics (e.g., Al1−xGaxN) and as dielectrics (e.g., Al1−xScxN)
for resonators. The mid-gap deep defect states trigger premature
dielectric breakdown at lower electric fields34,35 and therefore
must be eliminated or at least minimized.

The concentration of a defect D in thermodynamic equilibrium
is given by:

[
Dq
]
= Ns exp

(
−∆ED,q/kBT

)
, where Ns is the concen-

tration of sites where the defect can form. Since ∆ED,q of defects
in Al1−xGdxN depends on the elemental chemical potentials (µi, i
= Al, Gd, N), changing the growth conditions in a way that affects
µi is a route to tuning the concentration of deep defects, partic-
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Fig. 3 Calculated defect formation energy (∆ED,q) as a function of the Fermi energy (EF) in Al1−xGdxN alloys under N-rich and most N-poor growth
conditions for (a, b) x = 0.042, (c, d) x = 0.125, and (e, f) x = 0.250. The equilibrium Fermi energy (EF,eq) is calculated at T = 1000 K. ∆ED,q under N-rich
conditions is consistently larger, implying lower defect concentrations. (g) Charge transition levels in Al1−xGdxN alloys at x = 0.042, 0.125, and 0.250.
The band gap (Eg) systematically decreases with increasing Gd fraction (x).

ularly VN. Conveniently, VN formation energy depends on µN,
which can be more readily manipulated because N2 is a gaseous
species. For each x, we find that VN formation energy increases
significantly (by at least 2 eV) under N-rich growth conditions
compared to N-poor. Consequently, VN concentrations in alloys
grown under N-rich conditions should be significantly lower than
those grown under the most N-poor conditions.

Figure 4(a) summarizes the total concentration of all deep
defects (not just VN) at each x. We predict that N-rich growth
conditions will consistently result in lower concentrations of
deep defects within the range of x considered in this study. In
addition to introducing mid-gap defect states, charged defects
create electronic carriers (electrons, holes). We calculate the net
carrier concentration in each case (Figure 4b) as a function of
temperature at which defects form and equilibrate.. Net carrier
concentration is |ne − nh|, where ne and nh are the electron and

hole concentrations, respectively. For ne > nh (nh > ne), the plots
are labelled e− (h+). It should be noted that the net carriers are
not free carriers that are responsible for electrical conduction.
Due to the presence of numerous deep defect states, the carriers
will be bound to the defect sites such that electrical conductivity
is low. For the most N-poor growth conditions, we predict the
alloys to be n-type doped due to the high concentration of donor
VN, with net electron concentrations systematically increasing
with x. In contrast, N-rich growth conditions always result
in net carrier (hole) concentrations that are several orders of
magnitude lower than under the most N-poor conditions. Low
background carrier concentrations are desirable in applications
where AlN-based alloys are employed as dielectric insulators
(e.g., ferroelectrics, piezoelectrics) or lightly-doped semiconduc-
tors (e.g., optoelectronics). Therefore, we predict that Al1−xGdxN
growth under N-rich conditions will minimize deep defects and
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electronic carriers.

Experimental demonstration of deep defect control: To test
the theoretical prediction, we synthesize thin films with a com-
position of Al0.84Gd0.16N using radio-frequency (RF) magnetron
co-sputtering, similar to our first work on this material.18 We
achieved N-rich conditions with a nitrogen plasma source dur-
ing the deposition process (see Section 5 for details). Figure 5
illustrates the absorption spectrum of the films grown with three
different nitrogen plasma conditions – no plasma, 400 W, and 600
W. The higher plasma power translates to more N-rich conditions,
although direct quantification in terms of nitrogen chemical po-
tential (µN) is difficult. Significant sub-band gap between ∼2–3
eV is attributed to the deep defect states. With increasing nitro-
gen plasma source power (i.e., nitrogen plasma flux), the sub-
band gap absorption coefficient decreases. These results suggest
that the photoabsorption around 2–3 eV originates from VN, and
the concentration of VN decreases systematically with increasing
nitrogen flux supplied during growth. The sub-band gap absorp-
tion energy around 2–3 eV is in agreement with the computed
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Fig. 5 Absorption coefficient α as a function of photon energy
measured in thin films grown without nitrogen plasma and two different
plasma powers (400 W, 600 W). Higher plasma power translates to
more N-rich growth conditions, resulting in suppression of sub-band gap
absorption associated with mid-gap states.

unoccupied VN states above the EF,eq (Figure 3g) for x = 0.125,
which is the alloy composition closest to the synthesized thin film
(x = 0.16). Thus, our experimental results are consistent with the
computationally predicted effects of nitrogen chemical potential
(N-richness) on VN concentration.

3.2 What is the extent of unintentional O incorporation?
Oxygen is a common impurity detected in thin films of III-N and
related alloys.36–39 Unintentional O incorporation during growth
has unfavorable effects on the structural and optoelectronic prop-
erties of these materials. Oxygen substitutes on the N site, creat-
ing donor states that have been linked to temperature-activated
leakage currents in AlN.40 By extension, one expects substantial
O incorporation in Al1−xGdxN alloys, but this has not been quanti-
fied. More importantly, it is not clear if O incorporation introduces
additional deep defect states.

We compute the formation energy for O substitution on the N
site (ON) in Al1−xGdxN alloys at x = 0.042, 0.125, and 0.250.
The defect diagram corresponding to x = 0.125 is shown in Fig-
ure 6a, while those for x = 0.042 and 0.250 can be found in
the supplementary information (Figures S4). The general trends
are consistent across different x with substitutional ON acting as
a singly-charged shallow donor defect with states ∼0.1 eV from
the conduction band edges. This is in contrast to the native de-
fects, which all introduce deep mid-gap states. In each case, ON

is a dominant defect under both N-rich and N-poor growth con-
ditions, and therefore, we predict high levels of O incorporation in
Al1−xGdxN thin films.

3.3 Does O incorporation exacerbate deep defects?
Substitutional ON is a relatively shallow defect with low forma-
tion energy compared to the native defects. Naively, one would
expect that the overall concentration of deep defects would re-
main unchanged even after O incorporation. However, the intro-
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duction of shallow ON has an indirect and unexpected effect on
the deep defect concentrations – the low formation energy of ON

shifts the EF,eq and concomitantly changes the concentration of
native deep defects.

Since N-rich growth conditions are desirable to suppress VN

formation (Section 3.1), Table 1 presents a comparison of the to-
tal concentration of deep defects under N-rich conditions without
and with O incorporation. We find that due to the shift in EF,eq,
deep defect concentrations increase by 4-6 orders of magnitude
with larger increases at higher x. However, we predict that the
absolute concentrations are still relatively low (1016 cm−3 is in
the ppm range) under N-rich growth conditions. The deep de-
fect concentrations under N-poor conditions are much higher, as
expected (Figure 6c).

Prior experimental efforts to reduce O incorporation in AlN and
related materials have involved thin-film growth under reducing

Table 1 Total concentration of deep defects (in cm−3) in different
Al1−xGdxN compositions under N-rich growth conditions with and
without unitentional O incorporation.

x N-rich (without O) N-rich (with O)
(cm−3) (cm−3)

0.042 1.5×109 1.5×1013

0.125 1.1×109 6.5×1013

0.250 1.3×1010 1.2×1016

conditions e.g., by using H2/N2 plasma or NH3.36,41 Based on our
calculations, we predict that O incorporation exacerbates deep de-
fect formation, and we recommend adopting experimental growth
strategies that simultaneously achieve N-rich and reducing condi-
tions to minimize O incorporation and VN formation.

4 Conclusions
Using alloy modeling and point defect calculations, we iden-
tify that VN is one of the dominant defects in heterostructural
Al1−xGdxN alloys in the wurtzite phase, especially when thin films
are grown under N-poor conditions. The native vacancies (VAl,
VGd, VN) are all deep defects that introduce mid-gap states –
undesirable for optoelectronics as well as dielectric applications
that require large electric fields. We predict and experimentally
demonstrate the reduction of sub-band gap deep defects through
thin-film growth in N-rich environments. We also predict signif-
icant O incorporation in Al1−xGdxN thin films, which indirectly
increases the concentration of deep defects. As practical defect
control strategies, we recommend growth under N-rich and re-
ducing conditions to minimize deep defects and unintentional O
incorporation in Al1−xGdxN alloys. We believe these strategies
will be broadly applicable to wurtzite III-N and related alloys.

5 Methods
5.1 Alloy Modeling

Al1−xGdxN alloys were modeled with special quasirandom struc-
tures (SQS).30 The construction of an SQS involves a stochas-
tic search over possible configurations of local environments
in a supercell to best reproduce the pairwise correlation of a
fully random alloy. An optimal SQS minimizes the root-mean-
square deviation from the random pairwise correlation. The
SQS supercells were constructed using the Alloy Theoretic Au-
tomated Toolkit (ATAT).42 We created 48-atom SQS supercells
to model the wurtzite-phase alloys. In constructing the SQS,
we considered a range of up to 4.5 Å and 3.2 Å for pair and
triplet clusters, respectively. The SQS supercells were relaxed
(volumes, cell geometry, and atomic positions) with DFT until
the residual forces on each atom were below 0.01 eV/Å. DFT
calculations were performed with plane-wave basis Vienna Ab-
initio Simulation Package (VASP),43 using the generalized gra-
dient approximation (GGA) of Perdew-Burke-Ernzerhof (PBE) as
the exchange correlation functional.44 The following projector-
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Fig. 7 Computational workflow to calculate the effective formation
energy of point defects in Al1−xGdxN alloys.

augmented wave (PAW) potentials45 were used to treat the core
electons: Al 04Jan2001, N_s 07Sep2000, Gd_3 06Sep2000, and
O_s 07Sep2000. The Gd_3 pseudopotential has the 4 f electrons
frozen in the core. In our previous study, we extensively tested
the suitability of using the Gd_3 pseudopotential.18

We considered 12 different compositions (x) to calculate the al-
loy mixing enthalpy (∆Hm) in the wurtzite phase, shown in Figure
S1. ∆Hm is calculated as:

∆Hm = Halloy − xHGdN − (1− x)HAlN (1)

where Halloy is the enthalpy of the alloy, and HGdN and HAlN are
the enthalpy of rocksalt GdN and wurtzite AlN, respectively. The
mixing free energy was then calculated using, ∆Fm =∆Hm−T ∆Sm.
Here, only the configurational entropy contribution to ∆Sm was
considered and is given by:

∆Sm =−kB [xln(x)+(1− x)ln(1− x)] (2)

The vibrational contributions to ∆Sm are typically neglected as
they are small compared to the configurational contribution, es-
pecially at higher temperatures. We used the calculated ∆Fm to
compute the grand potential phase diagrams and establish the
ranges of elemental chemical potentials that satisfy phase stabil-
ity of the alloys. See Section 5.3 for details.

5.2 Defect Calculations
We adapted the standard supercell approach to calculate the de-
fect formation energetics in Al1−xGdxN alloys. We have previously
used this approach to model defects in Ba2(1−x)Sr2xCdP2 Zintl
phase alloys.26 The computational workflow is schematically il-
lustrated in Figure 7. Starting from the 48-atom SQS described in

the previous section, we constructed 192-atom supercells for per-
forming defect calculations. Here, the SQS is treated as a “unit
cell” of the alloy. Since the SQS has P1 symmetry i.e., each atom
has only one symmetry-equivalent position, there are 48 Wyck-
off sites in the 192-atom supercells. For each Wyckoff site of Gd,
Al, and N, we created supercells with vacancies and calculated
the defect formation energy (∆ED,q) in a single charge state q
(V−3

Gd , V−3
Al , V+3

N ) that is most favorable based on a simple ionic
picture. We then identified the Wyckoff sites associated with the
maximum and minimum ∆ED,q for each type of vacancy defect
(Figure S5 for x = 0.125). For these identified sites (2 each for
Gd, Al, and N), we performed a more comprehensive set of defect
calculations by considering all plausible charge states. By consid-
ering the sites with maximum and minimum ∆ED,q, it allows us to
build statistics of ∆ED,q and compute effective formation energies
∆Ee f f

D,q , which capture the effect of different local environments in
an alloy.

∆ED,q of defect D in charge state q was calculated using the
periodic supercell approach and is given by the equation,

∆ED,q = ED,q −Ehost +∑
i

niµi +qEF +Ecorr (3)

where ED,q and Ehost are the total energies of the supercell with
and without the defect, respectively. EF is the Fermi energy, which
is referenced to the valence band maximum. ni is the number of
atoms of element i added (ni < 0) or removed (ni > 0) to cre-
ate the defect D. Ecorr term contains the finite-size corrections,
which are calculated following the methodology of Lany and
Zunger.46 The finite-size corrections include: (1) image charge
correction for charged defects, (2) potential alignment correction
for charged defects, and (3) band-filling correction for shallow
defects. The open-source Python package, pylada-defects, was
employed to generate defect supercells and calculate the finite-
size corrections.47

The underestimation of the band gap in DFT was corrected by
applying individual valence and conduction band edge shifts (rel-
ative to the DFT-computed band edges) as determined from GW
quasiparticle energies.46,48 We used DFT wave functions as initial
wavefunctions for the GW calculations. The GW eigen-energies
were iterated to self-consistency, removing the dependence on
the single-particle energies of the initial DFT calculations. The
DFT wave functions were kept constant during the GW calcula-
tions, which allows the interpretation of the GW eigen-energies
in terms of energy shifts relative to the Kohn-Sham energies. The
GW quasi-particle energies were calculated for the 48-atom SQS
for each x using a 2×2×2 k-point grid, which correctly captures
the k-point position of the band edges as verified against DFT cal-
culations performed on dense k-point grids.

In our defect calculations, we considered cation (Al, Gd) and
anion (N) vacancies, but did not include cation antisites i.e., AlGd,
GdAl, because these isoelectronic antisites are already accounted
for through site disorder. We also did not consider interstitials
because they are found to have high formation energies in AlN
and related materials.49
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5.3 Chemical Potentials and Phase Stability

Elemental chemical potentials µi (i = Al, Gd, N, O) in Eq. 3
are expressed relative to the reference state chemical potentials
(µ0

i ) such that µi = µ0
i + ∆µi, where ∆µi is the deviation from

the reference state. µ0 are fitted to a set of measured formation
enthalpy of compounds (standard conditions) in the quaternary
Al-Gd-N-O chemical space. Specifically, µ0 for Gd is obtained by
fitting to experimental formation enthalpy of Gd2O3 and µ0

O =
-4.80 eV.50 Table S1 lists the fitted µ0 for Al, Gd, N, and O.

For a material, the accessible range of ∆µi is constrained by the
condition of its thermodynamic phase stability and is calculated
by constructing the convex hull in the grand potential phase dia-
gram. At each x, we treated Al1−xGdxN alloy as a line compound
that lies on the convex hull. The mixing free energy ∆Fm (Section
5.1) was used to compute the convex hull and obtain the range of
∆µi for which the alloy is stable. Tables S2–S4 lists the calculated
∆µi values for different x at the vertices of the convex hull that de-
fine the region of phase stability in the ternary Al-Gd-N chemical
space. Figure S2 shows the corresponding phase diagram in the
composition space for x = 0.25. The vertices V1–V4 labelled in
Figure S2 correspond to the vertices in Table S4. Similarly, Tables
S5–S7 lists the calculated ∆µi values in the quaternary Al-Gd-N-O
chemical space.

Unlike solids, the chemical potential of gaseous elements
strongly depend on their partial pressures and processing tem-
peratures. For example, higher O2 partial pressures and lower
temperatures give rise to more O-rich conditions. In this work,
we utilized the rigid-dumbbell ideal gas model51 to calculate the
O chemical potential µO(T, pO2) at T = 1000 K and pO2 = 0.2
atm,

µO(pO2 ,T ) = µ
0
O +∆µO(T )+

1
2

kBT ln(pO2) (4)

where µ0
O is the oxygen reference chemical potential at standard

conditions and ∆µO(T ) is defined by the rigid dumbbel model as,

∆µO(T ) =
1
2
(∆HO2(T )−T ∆SO2(T ))

=
1
2

C0
P

(
T −T 0

)
− 1

2
T
(

S0
O2

+C0
Pln
(

T
T 0

)) (5)

where C0
P = 7kB/2 = 0.000302 eV/K, S0

O2
= 0.0021 eV/K,52 T 0

= 298.15 K. Since the fitted reference chemical potential repre-
sents the standard state, the term of H0

O2
, which was originally

included in Ref. 51 is already included in the fitted reference
chemical potential and thus, not included in Eqn. 5. However,
we did not explicitly consider the temperature dependency of N
chemical potential since our experimental setup employed non-
equilibrium methods for thin-film growth, including the use of
nitrogen plasma, which can achieve more N-rich conditions than
set by the thermodynamic limit. To approximately capture the
N-rich condition of the non-equilibrium growth within the ther-
modynamic framework, we used the nitrogen reference chemical
potential, which is higher than the high-temperature equilibrium
thermodynamic limit.

5.4 Defect and Carrier Concentrations

We generalized the formalism of computing defect formation en-
ergy by defining an effective formation energy ∆Ee f f

D,q .53 Mathe-

matically, we calculated ∆Ee f f
D,q from the sites with maximum and

minimum ∆ED,q,

exp

(
−

∆Ee f f
D,q

kBT

)
= 0.5

[
exp

(
−

∆Emin
D,q

kBT

)
+ exp

(
−

∆Emax
D,q

kBT

)]
(6)

where ∆Emin
D,q and ∆Emax

D,q correspond to sites with minimum and
maximum defect formation energy (Figure 7), kB is the Boltz-
mann constant, and T is temperature. We calculated the EF,eq

and corresponding defect and charge carrier concentrations by
self-consistently solving for overall charge neutrality. We used py-
scp-fermi to calculate the self-consistent EF,eq.54,55

5.5 Thin-film Growth and Characterization

Al0.84Gd0.16N thin films were deposited with reactive radio-
frequency (RF) co-sputtering from elemental targets in a vacuum
chamber with base pressure of 10−7 Torr. The substrates were
held at 400 ◦C during growth, at which the chamber partial pres-
sures are pO2 < 2×10−8 Torr and pH2O < 1×10−8 Torr. The pow-
ers used were 150 W (Al, 99.999%) and 40 W (Gd, 99.5%) for
the 2” targets. Deposition occurred at a total chamber pressure of
2 mTorr under 5 sccm of Ar and 15 sccm of N2 (99.999%) gases,
where the nitrogen was introduced through an inductively cou-
pled plasma source. The power of the nitrogen plasma source was
varied (0 W, 400 W, 600 W) to create different nitrogen plasma
flux conditions. A cryogenic sheath was employed to trap adven-
titious oxygen or water during deposition. The targets were pre-
sputtered for 20 min with the substrate shutter closed, followed
by a 70 min deposition with an approximate deposition rate of 3.5
nm/min. Films were grown on (100) p-Si substrate with native
oxide at the surface; no substrate pretreatment was performed.
Cation composition was measured with X-ray fluorescence (XRF)
using a Bruker M4 Tornado under vacuum (∼15 Torr).

Spectroscopic ellipsometry data were acquired at 75◦ inci-
dent angle on homogeneous films grown with different nitrogen
plasma source conditions (0 W, 400 W, and 600 W) on crystalline
pSi(100) substrates using a J.A. Woollam Co. RC2-XI ellipsome-
ter. CompleteEASE software (version 5.13) was used to model the
data by fitting the real and imaginary parts of the dielectric func-
tion with a four-layer model consisting of the silicon substrate,
native silicon oxide, the Al1−xGdxN film, and surface roughness
approximated with a standard mixed film/void Bruggeman EMA
layer. The silicon and native oxide were modeled using well-
known optical constants provided by the CompleteEASE software.
The Al1−xGdxN films were modeled using a generic absorbing film
on silicon utilizing b-spline parameterization.
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putational Materials Science, 2017, 130, 1–9.
48 H. Peng, D. O. Scanlon, V. Stevanovic, J. Vidal, G. W. Watson

and S. Lany, Physical Review B, 2013, 88, 115201.
49 A. Szállás, K. Szász, X. T. Trinh, N. T. Son, E. Janzén and

A. Gali, Journal of Applied Physics, 2014, 116, 113702.
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