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Aliovalent doping of solid electrolytes with the intention of increase the concentration of charge-
carrying mobile defects is a common strategy for enhancing their ionic conductivities. For the
antiperovskite lithium-ion solid electrolyte Li3OCl, both supervalent (donor) and subvalent (ac-
ceptor) doping schemes have previously been proposed. The effectiveness of these doping schemes
depends on two conditions: first, that aliovalent doping promotes the formation of mobile lithium
vacancies or interstitials rather than competing immobile defects; and second, that any increase in
lithium defect concentration gives a corresponding increase in ionic conductivity. To evaluate the
effectiveness of aliovalent doping in Li3OCl, we have performed a hybrid density-functional theory
study of the defect chemistry of Li3OCl and the response to supervalent and subvalent doping.
In nominally stoichiometric Li3OCl the dominant native defects are predicted to be VLi, OCl, and
VCl. Supervalent doping increases VLi and OCl concentrations, with the preferentially-formed de-
fect species dependent on synthesis conditions. Subvalent doping increases the concentration of
VCl more than the concentration of Lii under all accessible synthesis conditions. While supervalent
doping is predicted to be effective at increasing ionic conductivity, particularly under Li-poor syn-
thesis conditions, subvalent doping is predicted to decrease room-temperature ionic conductivities
at low-to-moderate doping levels. This effect is due to a reduction in the number of lithium vacan-
cies formed during synthesis, and increased

[
V ′Li + Lii

]
Frenkel-pair recombination upon cooling to

room temperature. The strongly asymmetric doping response of Li3OCl with respect to supervalent
versus subvalent doping is explained as a consequence of the low [VLi + VCl] Schottky pair forma-
tion energy, suggesting analogous behaviour should be expected in other Schottky-disordered solid
electrolytes.

I. INTRODUCTION

All-solid-state lithium-ion batteries that use ion-
conducting ceramics as electrolytes have the potential to
replace commercial lithium-ion cells that use liquid elec-
trolytes, offering improved energy densities and reliabil-
ity [1, 2]. A practical solid electrolyte should have a high
ionic conductivity to allow fast charge and discharge rates
and high power output. To achieve this goal, consider-
able research effort has been directed towards both the
discovery of new materials with intrinsically high ionic
mobilities [3–6] and to deriving general principles that
can explain how chemical or structural variations within
solid electrolytes modulate lithium transport [7–10].

For solid electrolytes in which ionic transport is ef-
fected by the diffusion of mobile point defects, one
strategy for increasing the ionic conductivity is to in-
crease the concentrations of the charge-carrying defect
species through aliovalent doping [11–13], i.e., introduc-
ing dopant atoms with a formal valence that differs from
that of the atoms being replaced. This difference in effec-
tive atomic charge causes a shift in the defect-formation
equilibria for all charged native defects, which results in
an increase, or decrease, in the concentrations of any
charge-carrying vacancies or interstitials.

The effectiveness of aliovalent doping to enhance ionic
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conductivity through increasing the concentrations of
charge-carrying mobile defects depends on two condi-
tions. First, aliovalent doping should preferentially in-
crease the concentrations of charge-carrying mobile de-
fects ahead of competing immobile defects. For lithium-
ion solid electrolytes, doping should preferentially in-
crease the concentration of either lithium vacancies or
lithium interstitials. Second, any increase in the concen-
tration of charge-carrying defects should produce a corre-
sponding increase in ionic conductivity. This may not be
the case if the ionic conductivity has some dependence on
defects other than those being targeted through doping.
In solid electrolytes that contain more than one charge-
carrying defect species, increasing the concentration of
the minority defect species may have little practical effect
on the overall ionic conductivity. Alternatively, where
there are strong interactions between dopant atoms and
oppositely charged mobile defect species, these mobile
defects may be kinetically trapped, resulting in a net
decrease in ionic conductivity [14, 15]. These poten-
tial complications mean that aliovalent doping of solid
electrolytes is not guaranteed to produce a significant
increase in ionic conductivity, and predicting the effec-
tiveness of a specific aliovalent doping strategy requires
characterising the response to doping of all relevant de-
fects in the system of interest.

When considering the response of specific solid elec-
trolytes to aliovalent doping, it is often simply assumed
that the introduction of aliovalent dopants is princi-
pally charge-compensated by the formation of oppositely
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charged mobile defect species [11, 14–20]; i.e., in lithium-
ion solid electrolytes, supervalent (donor) doping will
principally increase the concentration of lithium vacan-
cies and subvalent (acceptor) doping will principally in-
crease the concentration of lithium interstitials. In prac-
tice, however, aliovalent doping may instead cause the
preferential formation of immobile defects within the
host-framework substructure [21], giving much smaller
changes in concentrations of the targeted mobile defect
species than otherwise would be expected. To accurately
predict how defect populations respond to aliovalent dop-
ing it is therefore necessary to go beyond simple “charge-
compensation” defect schemes, and instead consider a
more complete thermodynamic model that accounts for
a full range of native defects [21–23].

One lithium-ion solid electrolyte for which a num-
ber of aliovalent doping schemes have been pro-
posed is the antiperovskite Li3OCl [14, 15, 24–26].
Li3OCl has been widely studied following initial re-
ports of room-temperature ionic conductivities up to
∼1× 10−3 S cm−1[27]. This reported high ionic con-
ductivity is notable because the lithium ions in Li3OCl
are crystallographically ordered; this is in contrast
to other high–ionic-conductivity lithium-ion solid elec-
trolytes, such as lithium garnets and lithium thiophos-
phates, in which lithium is disordered, with this disorder
thought to be integral to their fast ion diffusion [8, 28–
32].

In Li3OCl, ionic conductivity is attributed to the diffu-
sion of mobile point defects—specifically lithium vacan-
cies and lithium interstitials [33–36]. Lithium vacancies
and interstitials in Li3OCl are both predicted to be mo-
bile at room temperature, with calculated diffusion barri-
ers of ∼0.3 eV and ∼0.15 eV, respectively [33–36]. While
these diffusion barriers indicate that lithium interstitials
are significantly more mobile than lithium vacancies,
calculated defect-pair formation energies give a lower
formation energy for [VLi + VCl] Schottky pairs (1.0 eV
to 1.6 eV) than for [VLi + Lii] Frenkel pairs (1.9 eV to
2.5 eV) [34, 37, 38], making lithium vacancies the ex-
pected dominant charge-carrying defect species in un-
doped Li3OCl.

Both supervalent and subvalent doping strategies have
been proposed to enhance the ionic conductivity of
Li3OCl [14, 15, 26, 33, 34, 39, 40]. Supervalent doping—
e.g., where a cation such as Mg2+ or Al3+ replaces Li+—
has been proposed as an effective route to increase the
concentration of lithium vacancies [15, 26, 33, 34, 39, 40],
while subvalent doping—e.g., where an anion such as S2−

replaces Cl−—has been proposed as an effective route to
increase the concentration of lithium interstitials [14]; in
this case it has been suggested that because of the much
higher mobility of interstitials relative to that of the in-
trinsically dominant lithium vacancies, a relatively small
increase in lithium interstitial concentration might pro-
duce a disproportionately large increase in ionic conduc-
tivity.

Several of the characteristic properties of Li3OCl—a

high degree of crystallographic ordering of mobile ions;
low Schottky-pair formation energies, giving much higher
concentrations of mobile vacancies than mobile intersti-
tials; and higher mobilities for these interstitials than
for corresponding vacancies—are shared by a number of
other antiperovskite and structurally-related solid elec-
trolytes [6, 36, 41–44]. Understanding the effectiveness
of different aliovalent doping schemes in Li3OCl is useful,
therefore, not only because it may help direct the optimi-
sation of ionic conductivity for this one material, but also
because it can provide more general insights into doping
responses for this entire class of solid electrolytes.

Here, we describe a hybrid density-functional theory
(DFT) study of Li3OCl that considers all native va-
cancy, interstitial, and anion antisite defects within a
self-consistent thermodynamic model [45, 46], which we
have performed in order to characterise the native defect
chemistry of Li3OCl, and to model the effect of superva-
lent and subvalent doping on native defect concentrations
and ionic conductivity.

In undoped, nominally stoichiometric, Li3OCl we pre-
dict that the dominant defect species varies with syn-
thesis conditions; under Li-poor conditions the dominant
negative defect species is V ′Li and the dominant positive
defect species is V Cl; under Li-rich conditions the domi-
nant defect species are O ′Cl and V Cl. Under all considered
synthesis conditions, we predict lithium vacancies to be
present in much greater concentrations than lithium in-
terstitials, in qualitative agreement with previous studies
[14, 15, 38, 41, 47, 48], and confirming VLi as the domi-
nant charge carrier in nominally stoichiometric samples.

For doped Li3OCl, supervalent doping is predicted to
increase the concentration of both VLi and OCl, with the
preferentially formed defect depending on synthesis con-
ditions, while subvalent doping is predicted to preferen-
tially increase the concentration of VCl ahead of Lii under
all considered synthesis conditions.

Supervalent doping is predicted to be effective at in-
creasing the ionic conductivity, particularly under Li-
poor synthesis conditions. Subvalent doping at moder-
ate doping levels, however, is predicted to decrease the
room-temperature ionic conductivity, due to two com-
plementary effects. First, subvalent doping at low-to-
moderate dopant concentrations decreases the concentra-
tion of lithium vacancies more rapidly than it increases
the concentration of lithium interstitials. Second, in-
creasing the number of lithium interstitials formed un-
der synthesis conditions causes increased “quenching”
of lithium vacancies when cooling to room temperature
through recombination of VLi as [VLi + Lii] Frenkel pairs.
Although sufficiently high levels of subvalent doping are
predicted to increase ionic conductivity relative to un-
doped Li3OCl, the ionic conductivity thus obtained is
significantly lower than predicted for supervalent doping
at equivalent dopant concentrations. We therefore do not
expect subvalent doping to be a practical doping strategy
for increasing the ionic conductivity of Li3OCl.

Finally, we discuss how the strongly asymmetric dop-
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ing response of Li3OCl can be understood as a conse-
quence of the low [VLi + VCl] Schottky-pair formation
energy, and how this implies qualitatively similar dop-
ing response behaviours for other Schottky-disordered
solid electrolytes, including other antiperovskite and
structurally-related materials.

II. METHODS

A. Thermodynamically self-consistent defect
calculations

For non-interacting defects, the concentration of defect
X in charge state q is given by

[Xq] = NX gX,q exp

(
−∆EXq

f

kT

)
, (1)

where NX is the density of sites at which X can form,
gX,q is the degeneracy of the defect charge state (e.g.
spin degeneracy), k is the Boltzmann constant, T is the
temperature, and ∆EXq

f is the formation energy of defect
X in charge state q [46, 49]. Defect formation energies
are calculated as

∆EXq

f = EXq

tot − Ebulk
tot −

∑
i

ni(µi + ∆µi) (2)

+q(EF + Evbm + ∆Vpot) + Eq
corr,

where EXq

tot is the total energy of a supercell containing
defect X in charge state q, and Ebulk

tot is the total energy
of the defect free supercell. ∆µi are chemical potentials
of each atomic species i that are added to (ni > 0) or
removed from (ni < 0) the supercell to form defect X.
µi are elemental reference energies, calculated for each
element in its standard state. EF is the Fermi energy,
with this term accounting for the energy to add (q < 0)
or remove (q > 0) electrons to or from the supercell.
Evbm is the DFT-calculated energy of the valence-band
maximum of the host system. ∆Vpot is a potential align-
ment term that accounts for differences in background
electrostatic potentials between the host and defective
supercells [45]. Eq

corr is a correction term accounting for
the finite size of the supercell. Image-charge corrections
were determined using the method of Lany and Zunger
[50] and electrostatic potentials were aligned with respect
to average core potentials for sets of atoms far from the
defect.

When calculating defect formation energies using
eq. (2), the Fermi energy, EF, is determined self-
consistently by solving eqs. (1) and (2) under the con-
straint of net charge neutrality [46, 49]. The net charge
density of a system, ρ, is calculated as a sum over all de-
fect species (X) and their charges (q) plus the charge con-
tributions from free electrons (n0) and holes (p0) that are
considered to occupy the conduction and valence bands

respectively,

ρ =
∑
Xq

q[Xq] + p0 − n0 (3)

≡ 0.

Electron and hole populations are determined from the
relevant Fermi-Dirac distributions,

n0 =

∫ ∞
0

1

e(E−EF)/kT + 1
g(E) dE, (4)

p0 =

∫ ∞
0

1− 1

e(E−EF)/kT + 1
g(E) dE, (5)

where g(E) is the bulk density of states [51].
In the absence of significant short-ranged dopant—

defect interactions, aliovalent doping can be modelled
as a perturbation to the electroneutrality condition
(eq. (3)).

ρ(EF, r[M
r]) =

∑
Xq

q[Xq] + p0 − n0 + r[Mr], (6)

where M is an aliovalent dopant with relative charge r
and fixed concentration [Mr] [21]. In the dilute limit, this
doping response does not depend explicitly on the dopant
species and insertion site, but only on the product r[Mr].

B. DFT calculation methodology

To calculate defect formation energies in Li3OCl, we
have performed a series of hybrid-DFT calculations using
the plane-wave DFT code vasp [52, 53] using the HSE06
hybrid functional [54]. Hybrid DFT typically gives more
accurate descriptions of electronic structure than con-
ventional pure-LDA or GGA functionals [55] while also
approximately correcting for the self-interaction error
exhibited by local or semi-local functionals; the self-
interaction error can lead to unphysical delocalisation
of charge for defects in wide-gap oxides giving a qual-
itatively incorrect description of different defect charge
states [21, 56–59]. All calculations used a plane-wave
basis cutoff of 520 eV and defect calculations were per-
formed using a 3 × 3 × 3 supercell of the Li3OCl unit
cell. Interactions between core and valence electrons were
described using the projector augmented wave method
[60] with cores of [H] for Li, [He] for O and [Ne] for
Cl. To avoid spurious forces associated with Pulay
stress, equilibrium volumes were calculated using a se-
ries of constant volume calculations and fitted to the
Murnaghan equation of state [61]. Geometry optimisa-
tions were deemed converged when all atomic forces were
smaller than 1× 10−3 eV/Å. Supercell calculations used
a 2× 2× 2 Monkhorst-Pack grid for sampling k-space.

Our calculations predict a lattice parameter for Li3OCl
of 3.82 Å, which slightly underestimates the experimen-
tal value of 3.91 Å [27] but is in good agreement with
previous DFT calculations [26]. Our calculated value for
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the band gap of Li3OCl of 6.6 eV compares well to previ-
ously calculated values of 6.4 eV [26, 34]; To the best of
our knowledge the band gap of Li3OCl has not yet been
measured experimentally.

A dataset containing inputs and outputs for all DFT
calculations supporting this study is available under the
CC-BY-4.0 license from the University of Bath Research
Data Archive [62]. Python codes for calculating defect
formation energies and defect concentrations as functions
of elemental chemical potentials, and Jupyter notebooks
used to generate Figures 1 to 8 are available under the
MIT license [63]. Our analysis codes use the scipy [64],
numpy [65], pandas [66] matplotlib [67] and py-sc-Fermi
[68] Python packages. Chemical potential limits stability
analysis used the fortran package cplap [69].

III. RESULTS

A. Defining a “synthetically accessible” chemical
potential space for Li3OCl

To calculate defect formation energies, and hence pre-
dict defect concentrations, it is necessary to define the
accessible ranges of chemical potentials for the elemen-
tal species involved in the formation of each defect (cf.
eq. (2)). In most defect studies, the relevant region of
chemical potential space is constrained by the thermo-
dynamic stability limits of the system under study with
respect to competing phases [45]. Li3OCl, however, is not
thermodynamically stable, but is metastable with respect
to formation of Li2O and LiCl [34, 70]. Here, we follow
the approach of Emly et al. and assume that the degra-
dation of Li3OCl to form Li2O is kinetically suppressed,
and therefore construct a metastable phase diagram with
Li2O removed as a competing phase [34]. The assump-
tion that Li3OCl is metastable with respect to decom-
position to Li2O and LiCl is supported by a recent an-
alytical and force-field–based atomistic modelling study
that predicts excellent kinetic stability of Li3OCl with
respect to this decomposition pathway [71], although ex-
perimental synthesis of phase-pure crystalline Li3OCl re-
mains extremely challenging [43].

Li3OCl is typically synthesised at 300 °C to 360 °C and
under vacuum [27], therefore, to define a “synthetically
accessible” chemical potential range for Li3OCl we fur-
ther restrict the region of predicted metastability by con-
sidering chemical potentials corresponding to these syn-
thesis conditions [72], via

∆µO(T, P ) =
1

2

{
(T − T0)− (7)

T

[
S0 + Cp ln

T

T0
+ k ln

P

P0

]}
where T and P are synthesis temperatures and pressures
respectively and k is the Boltzmann constant. We use
the experimental value for the oxygen standard entropy,

−2.2 −2.1 −2.0

−1.3

−1.2

−1.1

−2.2 −2.0 −1.8
ΔμCl / eV

−1.3

−1.2

−1.1

a) {ΔμLi, ΔμO} b) {ΔμCl, ΔμO}

ΔμLi / eV

Δμ
O
 / 

eV

A = “Li-poor”
B = “Li-rich”

FIG. 1. Two-dimensional projections of the “syntheti-
cally accessible” 3D chemical potential space for Li3OCl. a)
{∆µLi,∆µO} projection. b) {∆µCl,∆µO} projection. For our
defect and doping response calculations we consider the max-
imally lithium-poor and lithium-rich limits: A → {∆µLi =
−2.23 eV,∆µCl = −1.75 eV,∆µO = −1.08 eV}, and B →
{∆µLi = −2.00 eV,∆µCl = −2.19 eV,∆µO = −1.32 eV}, re-
spectively.

S0 = 205 J/mol/K [73], and assume that oxygen behaves
as an ideal gas and use CP = 7

2k for the constant-
pressure specific heat capacity per diatomic molecule
[73–75]. The resulting “synthetically accessible” range of
elemental chemical potentials defines a three-dimensional
region of {µO, µCl, µLi} chemical-potential space with
six vertices (fig. 1). Within these six limiting condi-
tions, we explicitly consider the maximally lithium-rich
and lithium-poor conditions, which are labelled A
and B, respectively, in fig. 1, corresponding to A →
{∆µLi = −2.23 eV,∆µCl = −1.75 eV,∆µO = −1.08 eV},
and B → {∆µLi = −2.00 eV,∆µCl = −2.19 eV,∆µO =
−1.32 eV}. Full details of the calculations used to
determine these chemical potential limits are provided
in the supporting data set [62].

B. Intrinsic defect chemistry of undoped Li3OCl

We first consider the formation energies and equilib-
rium concentrations of native defects in undoped, nom-
inally stoichiometric, Li3OCl. Figure 2 shows formation
energies of native defects in Li3OCl as a function of Fermi
energy, under Li-poor and Li-rich conditions (upper pan-
els), and the corresponding equilibrium defect concen-
trations (lower panels). Under Li-poor conditions, the
dominant defect species are lithium vacancies, VLi, and
chlorine vacancies, VCl, which is qualitatively consistent
with previous predictions of Li3OCl as being predomi-
nantly [VLi + VCl] Schottky-disordered [34, 37, 38]. The
dominant [VLi + VCl] Schottky disorder can also be as-
signed directly from the defect formation energies plot
(fig. 2(a)), which shows the equilibrium Fermi energy is
“pinned” by the V ′Li–V Cl defect pair. Under Li-rich con-
ditions, chlorine vacancies, V Cl, are the dominant posi-
tively charged defect species. The dominant negatively
charged defect, however, is now the oxygen–chlorine an-
tisite, O ′Cl. From a charge- and mass-balanced defect
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FIG. 2. Defect formation energies (top) and defect concen-
trations (bottom) for defects in Li3OCl under Li-poor and Li-
rich synthesis conditions (see fig. 1), at 360 °C. The dashed
line marked on the transition level diagrams is the position of
the self-consistently determined Fermi energy; defect charge
states are given by the gradient. For the defect concentration
plots we show only those defect species with concentrations
[X] > 1× 102 cm−3 under Li-rich or Li-poor conditions. De-
fect species with concentrations [X] < 1× 102 cm−3 under
all conditions are not shown in the bottom plots.

reaction perspective the system is no longer best charac-
terised by [VLi + VCl] Schottky disorder, and the lowest
energy defect-formation reaction is

Li2O + 2Cl×Cl → O ′Cl + V Cl + 2LiCl. (8)

This different classification can again be assigned from
the plot of Fermi-energy dependent defect formation en-
ergies, where the Fermi energy is now pinned by the O ′Cl–
V Cl defect pair (fig. 2(b)).

The presence of anion disorder in Li3OCl in the form of
OCl antisites, particularly under Li-rich conditions, has
potential implications for lithium transport. [O ′Cl + ClO]
antisite pairs have been predicted via ab initio molecular
dynamics to enhance lithium diffusion relative to a per-
fectly anion-ordered reference system [33]. Anion frame-
work disorder has also been associated with increased
ionic conductivity in other antiperovskites [76, 77] and
in other lithium-ion solid electrolytes [8, 78, 79]. Synthe-
sis protocols that increase the degree of host-framework–
disorder in Li3OCl, or in other antiperovskites, may
therefore provide alternative routes to improving the
ionic conductivities of these materials beyond purely
modifying lithium stoichiometry.

Although symmetric O/Cl disorder has been predicted
to give increased lithium transport [33], our calculations
predict that O–Cl antisites in Li3OCl do not form in

0 1 2 3 4 5 6

a) Li-poor

0 1 2 3 4 5 6

b) Li-rich

c) Li-poor d) Li-rich

ClO Lii OCl Oi
1 VCl VLi VO ClO Lii OCl Oi

1 VCl VLi VO

EF / eV EF / eV

0

1

2

3

4

5

6

ΔE
X

q

f
 / 

eV

100

104

108

1012

1016

[X
q ] 

/ c
m

-3 doped

undoped

VLi

VO

VCl

Lii
OCl

ClO
Oi

1

Oi
2

Cli1
Cli2

FIG. 3. Defect formation energies (top) and defect concentra-
tions (bottom) for defects in undoped and supervalent doped
Li3OCl under lithium poor (left) and lithium rich (right) con-
ditions (see fig. 1), at 360 °C. In the upper panels, the ver-
tical dashed line shows the equilibrium Fermi energy in the
undoped system, and the vertical solid line shows the equilib-
rium Fermi energy when doping at an effective dopant con-
centration of r[Mr] = 1018 cm−3. Defect species with con-
centrations [X] < 1× 102 cm−3 under all conditions are not
shown in the bottom plots.

stoichiometry-preserving
[
ClO + O ′Cl

]
pairs, but instead

there is a large excess of O ′Cl antisites. Previous ab ini-
tio molecular dynamics simulations have predicted that
isolated O ′Cl defects electrostatically trap lithium inter-
stitials, thereby suppressing lithium diffusion [14, 38].
In undoped Li3OCl, however, lithium vacancies are the
dominant charge-carrying lithium defect species under all
conditions, with lithium interstitial concentrations sev-
eral orders of magnitude lower. Any trapping of lithium
interstitials by O ′Cl is therefore expected to have a neg-
ligible effect on the net ionic conductivity of undoped
Li3OCl.

C. Supervalent and subvalent doping response in
Li3OCl

We now consider how the intrinsic native defect con-
centrations in Li3OCl respond to aliovalent doping. Fig-
ure 3 shows, again, the Fermi-energy dependent de-
fect formation energies and equilibrium defect concentra-
tions in as-synthesised Li3OCl, but now compares these
“stoichiometric” defect concentrations with those pre-
dicted for an effective supervalent dopant concentration
of r[Mr] = 1018 cm−3 (see eq. (6)) [80]. Supervalent
doping under Li-poor conditions principally increases the
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FIG. 4. Defect formation energies (top) and defect concen-
trations (bottom) for defects in undoped and subvalent doped
Li3OCl under lithium poor (left) and lithium rich (right) con-
ditions (see fig. 1), at 360 °C. In the upper panels, the ver-
tical dashed line shows the equilibrium Fermi energy in the
undoped system, and the vertical solid line shows the equilib-
rium Fermi energy when doping at an effective dopant con-
centration of r[Mr] = −1018 cm−3. Defect species with con-
centrations [X] < 1× 102 cm−3 under all conditions are not
shown in the bottom plots.

concentration of lithium vacancies, which are the low-
est formation energy negatively-charged defect species in
the parent undoped material—the system therefore be-
haves qualitatively as predicted by simple lithium-defect
charge-compensation models. Supervalent doping un-
der Li-rich conditions principally increases the concentra-
tion of the O ′Cl antisite, which is now the lowest forma-
tion energy negatively-charged defect species. Under Li-
rich conditions, therefore, supervalent doping produces a
smaller increase in lithium vacancy concentration than
predicted by simple models that assume direct charge-
compensation by lithium defects.

The equivalent analysis for the case of subvalent dop-
ing is shown in fig. 4. Under both Li-rich and Li-poor
synthesis conditions, subvalent doping gives only a mod-
est increase in the concentration of lithium interstitials,
and the principal effect is instead to increase the concen-
tration of V Cl lithium vacancies. We also observe a sig-
nificant decrease in the lithium vacancy concentration.
Although lithium interstitials are expected to be more
mobile than lithium vacancies, this analysis suggests the
potential for a regime where subvalent doping causes a
net decrease in ionic conductivity due to the decrease in
the dominant charge-carrying lithium-defect species, i.e.,
lithium vacancies. We return to this point in more detail
in section III D where we quantify how ionic conductivi-

ties are predicted to vary as a function of supervalent or
subvalent dopant concentrations.

The results above highlight how aliovalent doping of
solid electrolytes can produce qualitatively different re-
sponses, depending on the relative concentrations of com-
peting native defects in the parent undoped system. Alio-
valent doping introduces excess charge that causes a shift
in the Fermi energy of the system and a correspond-
ing shift in the defect equilibria for all charged defect
species. The qualitatively different doping responses un-
der different synthesis conditions can be understood by
considering how the concentrations of the native defect
species respond to a given shift in the Fermi energy,

∆EF = Edoped
F − Eundoped

F . Assuming that defects do
not change charge-state in the range ∆EF, the change in
concentration of each defect species, ∆ [Xq], is given by
(from Eqns 1 and 2)

∆ [Xq] = [Xq]
doped − [Xq]

undoped

= [Xq]
undoped

(
exp

(
−q∆EF

kT

)
− 1

)
. (9)

Aliovalent doping therefore produces a change in defect
concentration that is proportional to the concentration
of that defect species in the undoped material. Simple
defect reaction schemes that assume that aliovalent dop-
ing is principally charge-compensated by forming addi-
tional charge-carrying mobile defects will therefore over-
estimate the effect of doping at some fixed concentra-
tion, unless the mobile defect species being targeted for
enhancement is the dominant positively, or negatively,
charged native defect species in the corresponding un-
doped system.

To illustrate this difference in predicted behaviour be-
tween a simple charge-compensation model and our full
self-consistent model, we consider the doping response
of Li3OCl as a function of effective dopant concentra-
tion, r[Mr], for both a simple “lithium-only” charge com-
pensation model, where only charge-carrying lithium de-
fects change concentration in response to doping, and
for our full model, where all defects re-equilibrate. Fig-
ure 5 shows the predicted doping response for these two
models, for supervalent doping and subvalent doping at
a range of dopant concentrations, under Li-rich and Li-
poor synthesis conditions. Here, we have considered a
maximum dopant concentration equivalent to ∼ 4 % of
lithium sites, which is a similar dopant/defect concen-
tration to that used in previous ab initio molecular dy-
namics studies of doping in Li3OCl [14, 33]. Because our
model assumes that defects behave ideally (via our use
of eq. (1)) our results are expected to be quantitatively
accurate only at low dopant and defect concentrations.
At high dopant or high defect concentrations, non-ideal
defect–defect interactions may make a significant con-
tribution to defect chemical potentials, causing defect
concentrations to deviate from the dilute-limit behaviour
modelled here [81, 82]. We expect, however, that general
trends regarding the relative response of different defects
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FIG. 5. Defect concentrations as a function of effective
dopant concentration (r[Mr]) shown for both supervalent
dopants (left column), and subvalent dopant (right column),
for Li-poor (top row) and Li-rich (bottom row) synthesis con-
ditions, at 360 °C. The solid lines show defect concentra-
tions when all defect concentrations are allowed to vary as
the dopant concentration is increased, the dotted lines show
the case when only the concentration of lithium defects are
allowed to change.

to doping will be qualitatively correct even at these high
dopant concentrations.

The only case where the simple “lithium-only” de-
fect model gives approximate quantitative agreement
with the full model, with respect to the change in con-
centrations of charge-carrying lithium defect species, is
for supervalent doping under Li-poor synthesis condi-
tions (fig. 5). In this case, the lowest formation en-
ergy negatively-charged defect species in the undoped
system is the lithium vacancy, which therefore shows the
strongest enhancement in concentration under superva-
lent doping. Under Li-poor conditions, the dominant
negatively-charged defect species in the undoped system
is the oxygen–chlorine O ′Cl antisite, which is now prefer-
entially enhanced by supervalent doping. This suppresses
the increase in lithium vacancy concentration relative to
that predicted by the simple “lithium-only” model.

Under subvalent doping, the two models give even
more strongly divergent predictions; the lithium-only de-
fect model underestimates the doping threshold at which
a significant increase in concentration of lithium inter-
stitials is observed by several orders of magnitude. This
effect can be understood by considering the conventional
“Schottky pair” description of defect disorder in Li3OCl;
the dominant positively charged defect species is the chlo-
rine vacancy, V Cl, and subvalent doping therefore prin-

cipally increases the concentration of this non-charge-
carrying host-framework defect ahead of the minority Lii
defects.

D. Defect mediated ionic conductivity in Li3OCl

We next consider how the variation in native defect
concentrations under different synthesis conditions, and
the associated varying response to supervalent and sub-
valent doping, affects the ionic conductivity of doped
Li3OCl. To estimate the effect of supervalent or sub-
valent doping on ionic conductivity, we use the Nernst–
Einstein relation between ionic conductivity, σ, and self-
diffusion coefficient D∗:

σ =
Cq2

kT
D∗, (10)

where C and q are the concentration and charge of the
mobile ions, respectively, k is the Boltzmann constant,
and T is the temperature [83]. We assume lithium diffu-
sion is effected by dilute populations of lithium vacancies
and lithium interstitials, which allows us to neglect corre-
lation effects in eq. (10), and also allows us to express the
total ionic conductivity as a sum over contributions from
lithium vacancies and lithium interstitials respectively:

σ =
[VLi]

kT
D∗VLi

+
[Lii]

kT
D∗Lii . (11)

The self-diffusion coefficients for each defect species are
estimated from the dilute limit expression for indepen-
dent defect hopping

D∗X =
1

6
ν0a

2 exp

(
−∆EX

kT

)
, (12)

where ν0 is the attempt frequency, which we set as a char-
acteristic value of 1× 1013 Hz for both lithium vacancies
and lithium interstitials, and a is the hop distance [84]
which we take as nearest-neighbour Li—Li distance of
2.67 Å. ∆EX is the potential energy barrier for defect
species X to hop between adjacent defect sites, for which
we use the barrier heights calculated by Emly et al. of
∆ELii = 0.17 eV, ∆EVLi

= 0.34 eV [34], which gives a
ratio D∗Lii/D

∗
VLi
≈ 103 at T = 298 K.

To calculate the ionic conductivity of Li3OCl using
eq. (11) we require the lithium vacancy and lithium in-
terstitial concentrations under typical operating condi-
tions. Crucially, these defect concentrations can differ
from the values predicted under typical synthesis con-
ditions (300 °C to 360 °C under vacuum) that we have
presented in sections III B and III C. Both lithium va-
cancies and lithium interstitials are highly mobile even
at room temperature, and some proportion of lithium
vacancy–interstitial pairs will recombine as the temper-
ature is decreased. Electron and hole pairs may also re-
combine upon cooling, although in a wide-gap system
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FIG. 6. Ionic conductivities (top panels) and lithium interstitial and lithium vacancy concentrations (bottom panels) as a
function of effective doping concentration r [Mr] for Li-rich and Li-poor synthesis conditions and for supervalent and subvalent
doping. Dashed lines show equilibrium data calculated for synthesis conditions at 663 K. Solid lines show pseudo-equilibrium
data calculated at 298 K allowing lithium interstitials and lithium vacancies to re-equilibrate under fixed total lithium content,
while other defects are “frozen in” at their synthesis concentrations.

such as Li3OCl, this is expected to have a negligible ef-
fect on the Fermi level position and therefore on defect
populations.

To model the change in lithium defect concentration
upon cooling from synthesis temperatures to room tem-
peratures, we perform a two-stage calculation. We first
calculate equilibrium concentrations for all defect species
at a typical synthesis temperature of 360 °C. We then fix
the concentrations of all anionic defect species, which are
considered to be “frozen in” during cooling [71, 85], and
recalculate the lithium vacancy and interstitial concen-
trations and electron and hole concentrations a pseudo-
equilibrium temperature T ∗ = 298 K, under the addi-
tional constraint that there is no net lithium exchange
with the surroundings [86].

Figure 6 shows calculated lithium vacancy and lithium
interstitial concentrations and corresponding ionic con-
ductivities (via eq. (11)) for Li3OCl synthesised under
Li-poor and Li-rich conditions, as a function of super-
valent and subvalent effective dopant concentrations. To
illustrate the effect of cooling from synthesis conditions to
room temperature on lithium defect concentrations and
on the ionic conductivity, we show data calculated for
full equilibration under synthesis conditions (T = 663 K;
dashed lines) and for partial re-equilibration at room

temperature (T ∗ = 273 K; solid lines).

For undoped Li3OCl we predict ionic conductivi-
ties of 4.2× 10−10 S cm−1 under Li-poor synthesis con-
ditions and 6.7× 10−10 S cm−1 under Li-rich synthe-
sis conditions. In both cases the contribution to the
ionic conductivity from lithium interstitials is negligi-
ble (∼ 10−14 S cm−1). Our calculated ionic conductivi-
ties (∼5× 10−10 S cm−1) are much lower than those pre-
viously reported for experimental samples of nominally
stoichiometric Li3OCl (10−3 S cm−1 to 10−6 S cm−1) [27,
87]. One possible reason for this discrepancy is that pre-
vious experimental data might not have been obtained
for phase-pure “stoichiometric” Li3OCl. Li3OCl is ex-
tremely challenging to synthesise, as indicated by the
small calculated region of metastability under typical
synthesis conditions (fig. 1), and it has been suggested
that samples reported in the literature as Li3OCl may
in fact be competing hydrated phases, such as Li2OHCl
[43, 88], which are predicted to have higher total conduc-
tivities than pristine Li3OCl [89].

Considering the effect of aliovalent doping on ionic
conductivity, supervalent doping produces a monotonic
increase in the concentration of lithium vacancies, and
therefore also produces a monotonic increase in ionic con-
ductivity. The quantitative effect of supervalent doping
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on ionic conductivity depends on synthesis conditions.
Under Li-poor conditions, where lithium vacancies are
the highest concentration native defect species, the ionic
conductivity behaves almost entirely as predicted by as-
suming direct charge-compensating formation of lithium
vacancies. Under Li-rich conditions, however, where the
dominant negatively charged native defect species is the
oxygen–chlorine antisite O ′Cl, this non–charge-carrying
defect species is preferentially formed. The positive ef-
fect of supervalent doping on ionic conductivity is there-
fore suppressed, and higher effective dopant concentra-
tions are needed for a given increase in ionic conduc-
tivity than predicted by a simple lithium-defect charge-
compensation model.

In contrast to the monotonic increase in ionic conduc-
tivity produced by supervalent doping, subvalent dop-
ing causes the ionic conductivity to decrease at moder-
ate effective dopant concentrations under all synthesis
conditions. High dopant concentrations are needed to
achieve a net increase in ionic conductivity relative to un-
doped Li3OCl through subvalent doping. This behaviour
is a consequence of two factors. First, although subva-
lent doping increases the concentrations of all positively-
charged defect species, it also decreases the concentra-
tions of all negatively-charged defect species, including
lithium vacancies. Because, in the undoped systems, the
concentration of lithium vacancies is significantly higher
than that of lithium interstitials, low-to-moderate levels
of subvalent doping decrease the concentration of lithium
vacancies by a much greater extent than they increase the
concentration of lithium interstitials (cf. eq. 9). In as-
synthesised Li3OCl, this effect gives a minimum in ionic
conductivity when [VLi]D

∗
VLi

= [Lii]D
∗
Lii

[90].

The second cause of a reduced room-temperature ionic
conductivity under subvalent doping is recombination of[
V ′Li + Lii

]
Frenkel pairs when the system is cooled. The[

V ′Li + Lii
]

Frenkel pair formation energy in Li3OCl is
high (our calculated value is 2.6 eV), which indicates
a strong enthalpic driving force for lithium vacancy–
interstitial pairs to recombine. Because lithium vacan-
cies and lithium interstitials recombine in a 1:1 ratio,
this Frenkel-pair recombination is limited by the con-
centration of the minority lithium defect species. In
undoped Li3OCl, the concentration of lithium intersti-
tials is low and lithium vacancies are present in large
excess. Frenkel-pair recombination therefore has a neg-
ligible effect on the lithium vacancy concentration and a
corresponding negligible effect on the net ionic conduc-
tivity. Subvalent doping, however, under all synthesis
conditions, increases the concentration of lithium inter-
stitials and decreases the concentration of lithium vacan-
cies. As the concentrations of these two defects become
more equal, an increasing proportion of lithium vacancies
are removed through Frenkel-pair recombination, and the
ionic conductivity is progressively reduced. This effect is
strongest when the concentrations of lithium vacancies
and lithium interstitials are equal; nearly all the lithium
vacancies and interstitials recombine, greatly reducing
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FIG. 7. Predicted room-temperature ionic conductivity of
Li3OCl under Li-rich and Li-poor synthesis conditions as a
function of supervalent or supvalent effective dopant concen-
tration, r |Mr|.

the concentrations of these charge carrying defects, and
giving a sharp decrease in ionic conductivity. For effec-
tive dopant concentrations above this threshold, the con-
centration of lithium interstitials under synthesis condi-
tions now exceeds that of lithium vacancies, and the room
temperature lithium interstitial concentration and ionic
conductivity both increase with effective dopant concen-
tration.

The different ionic conductivity responses to super-
valent versus subvalent doping, under lithium-rich and
lithium-poor conditions, are compared graphically in
fig. 7. As noted above, subvalent doping is predicted to
give no net increase in ionic conductivity except at very
high dopant levels. Even at sufficient subvalent doping
levels to produce a net increase in ionic conductivity, the
resulting conductivity increase remains orders of magni-
tude smaller than for supervalent doping at comparable
dopant concentrations, and we conclude, therefore, that
subvalent doping to increase lithium interstitial concen-
trations is not an effective strategy for enhancing the
ionic conductivity of Li3OCl. Our analysis also indicates
that subvalent doping will be maximally effective under
Li-poor synthesis conditions, due the associated low for-
mation energy of VLi.

IV. SUMMARY AND DISCUSSION

To characterise the native defect chemistry of Li3OCl,
and to quantify the effect of supervalent and subvalent
doping on native defect concentrations and on ionic con-
ductivity, we have performed a hybrid density-functional-
theory study of the defect chemistry and aliovalent-
doping response of Li3OCl that considers all native
vacancy, interstitial, and anion antisite defect species
within a self-consistent thermodynamic model. In un-
doped Li3OCl, under Li-poor conditions, the dominant
negatively defect species is V ′Li and the dominant posi-
tively charged defect species is V Cl, which is qualitatively
consistent with previous descriptions of Li3OCl as being
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[VLi + VCl] Schottky-disordered [3, 34, 41, 48]. Under Li-
rich conditions, the dominant defect species are O ′Cl and
V ′Li. The change in highest concentration negatively-
charged defect from VLi to OCl illustrates the potential
limitations of considering the defect chemistry of solid
electrolytes only in terms of simple Schottky or Frenkel-
pair defect formation reactions.

Supervalent doping is predicted to most strongly in-
crease the concentrations of both V ′Li and O ′Cl. The de-
fect species with the higher concentration in the relevant
undoped system undergoes the largest increase, and su-
pervalent doping is therefore predicted to most effectively
increase the concentration of lithium vacancies under Li-
poor synthesis conditions. Subvalent doping principally
increases the concentration of chlorine vacancies ahead of
lithium interstitials under all considered synthesis condi-
tions, due to the much higher concentration of chlorine
vacancies with respect to lithium interstitials in undoped
Li3OCl.

The quantitatively different response of these com-
peting defect species to supervalent or subvalent doping
can be characterised in terms of a “doping-response effi-
ciency”, ηX , which we define as the change in concentra-
tion of a defect species, ∆[X], for a fixed effective dopant
concentration, r [Mr], divided by the change in concen-
tration if the doping response were purely due to defect
X in charge state q′, i.e.,

ηX = −q
′∆ [X]

r [Mr]
. (13)

This gives a measure of how many additional defects of
defect species X are introduced or removed per dopant.
Figure 8 shows calculated values of ηX for VLi and OCl

with q′ = −1 and for VCl and V ′Li with q′ = +1 for an
effective dopant concentration of r [Mr] = ±1018 cm−3

for both supervalent and subvalent doping. The calcu-
lated values of ηVLi

and ηLii reflect the strong asymme-
try in the doping response of the lithium vacancy and
interstitial. Supervalent doping under lithium-poor con-
ditions strongly increases the concentration of lithium
vacancies, indicated by ηVLi

≈ 1. For supervalent doping
under lithium-rich conditions, ηVLi remains high, but is
now smaller than ηOCl

, reflecting the preferential forma-
tion of OCl antisites. For subvalent doping, ηLii < 10−8

under all conditions; at these dopant concentrations, sub-
valent doping has a negligible effect on the concentration
of lithium interstitials and instead principally increases
the concentration of Cl vacancies (ηVCl

≈ 1). In the case
of Li3OCl, then, the doping-response efficiency, ηX , pro-
vides an intuitive description of the strongly asymmetric
response to supervalent versus subvalent doping.

One practical consequence of the asymmetric doping
response of Li3OCl is the qualitatively different response
of the ionic conductivity under supervalent versus subva-
lent doping. Supervalent doping produces a monotonic
increase in lithium vacancy concentration, and a corre-
sponding monotonic increase in ionic conductivity. Sub-
valent doping, in contrast, produces a decrease in ionic
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FIG. 8. Doping-response efficiency, ηX , (eq. (13)) for VLi,
OCl, VCl and Lii under lithium poor conditions (top row) and
lithium rich conditions (bottom row) for supervalent doping
(left hand column) and subvalent doping (right hand column)
at an effective dopant concentration r[Mr] = ±1018 cm−3.
N indicates defect concentrations that increase upon doping,
and O indicates defect concentrations that decrease upon dop-
ing.

conductivity at low-to-moderate dopant levels due to two
complementary effects. First, at low-to-moderate subva-
lent doping levels the primary effect of subvalent dop-
ing is to decrease the concentration of lithium vacancies,
rather than increase the concentration of lithium inter-
stitials (cf. fig. 8). Second, by increasing the number of
lithium interstitials formed under synthesis conditions,
a greater number of lithium vacancies are removed when
cooling to room temperature due to recombination of VLi
as [VLi + Lii] Frenkel pairs. For sufficiently high dopant
levels, subvalent doping is predicted to give an increase
in ionic conductivity relative to undoped Li3OCl. This
net positive contribution to the ionic conductivity, how-
ever, only occurs when the effective dopant concentration
is much larger than the lithium vacancy concentration in
the undoped material, r [Mr]� [VLi]undoped.

The strongly asymmetric doping response of Li3OCl
with respect to supervalent versus subvalent doping can
be understood as a consequence of the low formation en-
ergy of positively charged VCl defects with respect to Lii
defects (fig. 2); equivalently, this effect can be consid-
ered to be a consequence of the dominant [VLi + VCl]
Schottky disorder that characterises the lithium defect
chemistry in this system. Under Li-poor conditions, the
Fermi energy is pinned by the [VLi + VCl] pair; VLi and
VCl are present in approximately equal concentrations,
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and Lii concentrations are several orders of magnitude
lower, corresponding to a classical Schottky-disordered
system. Under Li-rich conditions, the Fermi energy is
pinned by the [OCl + VCl] pair and the dominant defect
species are OCl and VCl rather than lithium disorder. Un-
der these conditions, however, the concentration of VLi is
still several orders of magnitude larger than the concen-
tration of Lii, and the lithium defect chemistry can still
be considered within the schema of [VLi + VCl] Schottky
disorder.

Because the response of a specific defect species to alio-
valent doping scales with the concentration of that defect
species in the undoped system (eq. 9), Schottky disorder
implies a much higher doping-response efficiency, ηX , for
VLi than for Lii—which is indeed the case for Li3OCl (cf.
fig. 8). This leads to [VLi] decreasing much more rapidly
than [Lii] increases under subvalent doping. Schottky dis-
order also indicates a relatively high [VLi + Lii] Frenkel
pair formation energy, which means a strong enthalpic
driving force for Frenkel-pair recombination when cooling
from synthesis temperatures to room temperature. Both
of the effects that cause ionic conductivity to decrease or
only moderately increase in response to subvalent doping
are therefore consequences of Li3OCl being a “Schottky-
disordered” solid electrolyte. By extension, we therefore
expect other principally Schottky-disordered solid elec-
trolytes, including other antiperovskite solid electrolytes
[6, 36, 41–44], to have analogous asymmetric doping re-
sponses.

One of the limitations of the study presented here is
that we consider dopants as ideal, i.e, they affect the de-
fect chemistry of Li3OCl only through their effect on the
the Fermi energy. In reality, direct dopant–defect inter-
actions may be significant [7, 14, 15, 91]. For example,
supervalent dopants, such as Mg2+, are predicted to ki-
netically trap lithium vacancies [15], which will reduce
ionic conductivities relative to the values presented in
this work. Despite this limitation, we expect our results
to accurately describe quantitative trends for different
synthesis conditions and doping strategies for Li3OCl.

This study also illustrates how the defect chemistry
and doping response of solid electrolytes may be more
complex than implied by simple mass- and charge-
compensating defect formation schemes, and demon-
strates how a more complete description that accounts for
varying synthesis conditions and thermodynamic compe-
tition between defect species can be found by consid-
ering a full set of defects within a self-consistent ther-
modynamic model. Finally, our results show how the
defect chemistry and doping response of Li3OCl can
be understood as a consequence of “Schottky-disorder”,
with quantitatively similar behaviour therefore predicted

for other Schottky-disordered solid electrolytes, including
other antiperovskite and structurally-related materials.

(1/4, 1/4, 1/4)

(1/2, 0, 0)

1

2

FIG. 9. Initial anion interstitial locations in the Li3OCl unit
cell.

V. SUPPORTING INFORMATION

A. Interstitial positions

Vacancies and antisites have well-defined positions in
a periodic crystal, corresponding to atomic positions in
the ideal stoichiometric material. In contrast, intersti-
tial sites do not have a priori well-defined positions, but
instead these must be specified through some additional
procedure. In this study, we have considered a total of
five interstitial defects, comprising one lithium intersti-
tial, which occupies a “dumbbell” position described by
Emly et al. [34]; and four anion interstitials, with O
or Cl occupying one of two possible sites identified using
Voronoi decomposition as implemented in Pymatgen [92]
(fig. 9).
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of sublattice symmetry and frustration on ionic transport
in garnet solid electrolytes, Phys. Rev. Lett. 116, 055901
(2016).

[30] S. Ohno, A. Banik, G. F. Dewald, M. A. Kraft,
T. Krauskopf, N. Minafra, P. Till, M. Weiss, and W. G.
Zeier, Materials design of ionic conductors for solid state
batteries, Prog. Ener. 2, 022001 (2020).

[31] B. Kozinsky, Transport in frustrated and disordered solid
electrolytes, in Handbook of Materials Modeling (Springer
International Publishing, 2018) pp. 1–20.

[32] L. Zhou, N. Minafra, W. G. Zeier, and L. F. Nazar,
Innovative approaches to Li-argyrodite solid electrolytes
for all-solid-state lithium batteries, Acc. Chem. Res. 54,
2717 (2021).

[33] Y. Zhang, Y. Zhao, and C. Chen, Ab initio study of the
stabilities of and mechanism of superionic transport in
lithium-rich antiperovskites, Phys. Rev. B 87, 134303
(2013).

[34] A. Emly, E. Kioupakis, and A. Van der Ven, Phase stabil-
ity and transport mechanisms in antiperovskite Li3OCl
and Li3OBr superionic conductors, Chem. Mater. 25,

https://doi.org/10.1038/s41467-019-13214-1
https://doi.org/10.1039/c9ee02457c
https://doi.org/10.1021/acs.chemmater.1c00157
https://doi.org/10.1021/jacs.1c04260
https://doi.org/10.1021/jacs.0c10735
https://doi.org/10.1021/jacs.0c10735
https://doi.org/10.1021/acs.chemmater.0c03738
https://doi.org/10.1021/jacs.8b10282
https://doi.org/10.1021/jacs.8b10282
https://doi.org/10.1039/c8ta10989c
https://doi.org/10.1016/s0167-2738(96)00501-2
https://doi.org/10.1016/s0167-2738(96)00501-2
https://doi.org/10.1021/acs.chemmater.5b03656
https://doi.org/10.1021/acs.chemmater.5b03656
https://doi.org/10.1021/acsenergylett.9b02537
https://doi.org/10.1103/physrevmaterials.3.115402
https://doi.org/10.1103/physrevmaterials.3.115402
https://doi.org/10.1021/acsaem.1c00656
https://doi.org/10.1021/acsaem.1c00656
https://doi.org/10.1039/c4ta05231e
https://doi.org/10.1039/c4ta05231e
https://doi.org/10.1021/cm5045122
https://doi.org/https://doi.org/10.1016/j.ssi.2019.04.021
https://doi.org/https://doi.org/10.1016/j.ssi.2019.04.021
https://doi.org/10.1021/acs.chemmater.0c03090
https://doi.org/10.1021/acs.chemmater.0c03090
https://doi.org/10.1021/acsaem.1c01367
https://doi.org/10.1021/acs.chemmater.9b04319
https://doi.org/10.1039/d0ee00291g
https://doi.org/10.1039/d0ee00291g
https://doi.org/10.1021/acs.chemmater.9b05126
https://doi.org/10.1021/acs.chemmater.9b05126
https://doi.org/10.1557/opl.2013.519
https://doi.org/10.1557/opl.2013.519
https://doi.org/10.1002/anie.201604554
https://doi.org/10.1002/anie.201604554
https://doi.org/10.1021/acs.chemmater.7b00659
https://doi.org/10.1021/acs.chemmater.7b00659
https://doi.org/10.1021/ja305709z
https://doi.org/10.1021/ja305709z
https://doi.org/10.1088/2516-1083/ab73dd
https://doi.org/10.1021/acs.accounts.0c00874
https://doi.org/10.1021/acs.accounts.0c00874
https://doi.org/10.1103/physrevb.87.134303
https://doi.org/10.1103/physrevb.87.134303
https://doi.org/10.1021/cm4016222


13

4663 (2013).
[35] Z. Deng, B. Radhakrishnan, and S. P. Ong, Rational com-

position optimization of the lithium-rich Li3OCl1−xBrx
anti-perovskite superionic conductors, Chem. Mater. 27,
3749 (2015).

[36] Z. Wang, H. Xu, M. Xuan, and G. Shao, From anti-
perovskite to double anti-perovskite: tuning lattice
chemistry to achieve super-fast Li+ transport in cubic
solid lithium halogen-chalcogenides, J. Mater. Chem. A
6, 73 (2018).

[37] R. Mouta, M. A. B. Melo, E. M. Diniz, and C. W. A.
Paschoal, Concentration of charge carriers, migration,
and stability in Li3OCl solid electrolytes, Chem. Mater.
26, 7137 (2014).

[38] Z. Lu, C. Chen, Z. M. Baiyee, X. Chen, C. Niu,
and F. Ciucci, Defect chemistry and lithium transport
in Li3OCl anti-perovskite superionic conductors, Phys.
Chem. Chem. Phys. 17, 32547 (2015).

[39] M. H. Braga, J. A. Ferreira, V. Stockhausen, J. E.
Oliveira, and A. El-Azab, Novel Li3ClO based glasses
with superionic properties for lithium batteries, J. Mater.
Chem. A 2, 5470 (2014).

[40] M. H. Braga, N. S. Grundish, A. J. Murchison, and J. B.
Goodenough, Alternative strategy for a safe rechargeable
battery, Energy Environ. Sci. 10, 331 (2017).

[41] J. A. Dawson, H. Chen, and M. S. Islam, Composition
screening of lithium- and sodium-rich anti-perovskites for
fast-conducting solid electrolytes, J. Phys. Chem. C 122,
23978 (2018).

[42] T. H. Wan, Z. Lu, and F. Ciucci, A first principle study of
the phase stability, ion transport and substitution strat-
egy for highly ionic conductive sodium antipervoskite
as solid electrolyte for sodium ion batteries, J. Power
Sources 390, 61 (2018).

[43] J. Dawson, T. Famprikis, and K. E. Johnston, Anti-
perovskites for solid-state batteries: Recent develop-
ments, current challenges and future prospects, J. Mater.
Chem. A 10.1039/d1ta03680g (2021).

[44] S. Gao, T. Broux, S. Fujii, C. Tassel, K. Yamamoto,
Y. Xiao, I. Oikawa, H. Takamura, H. Ubukata, Y. Watan-
abe, K. Fujii, M. Yashima, A. Kuwabara, Y. Uchimoto,
and H. Kageyama, Hydride-based antiperovskites with
soft anionic sublattices as fast alkali ionic conductors,
Nat. Commun 12, 10.1038/s41467-020-20370-2 (2021).

[45] S. Zhang and J. Northrup, Chemical potential depen-
dence of defect formation energies in GaAs: Application
to Ga self-diffusion, Phys. Rev. Lett. 67, 2339 (1991).

[46] J. Buckeridge, Equilibrium point defect and charge car-
rier concentrations in a material determined through cal-
culation of the self-consistent Fermi energy, Comp. Phys.
Commun. 244, 329 (2019).

[47] M. Wu, B. Xu, X. Lei, K. Huang, and C. Ouyang, Bulk
properties and transport mechanisms of a solid state an-
tiperovskite Li-ion conductor Li3OCl: insights from first
principles calculations, J. Mater. Chem. A 6, 1150 (2018).

[48] A. Baktash, B. Demir, Q. Yuan, and D. J. Searles, Effect
of defects and defect distribution on Li-diffusion and elas-
tic properties of anti-perovskite Li3OCl solid electrolyte,
Energy Stor. Mater. 41, 614 (2021).

[49] N. W. Ashcroft, Solid State Physics (Cengage Learning,
1976).

[50] S. Lany and A. Zunger, Assessment of correction methods
for the band-gap problem and for finite-size effects in
supercell defect calculations: Case studies for ZnO and

GaAs, Phys. Rev. B 78, 17 (2008).
[51] C. Kittel, Thermal physics (W.H. Freeman, San Fran-

cisco, 1980).
[52] G. Kresse and J. Furthmüller, Efficient iterative schemes

for ab initio total-energy calculations using a plane-wave
basis set, Phys. Rev. B. 54, 11169 (1996).

[53] G. Kresse and J. Furthmüller, Efficiency of ab-initio total
energy calculations for metals and semiconductors using
a plane-wave basis set, Comput. Mater. Sci. 6, 15 (1996).

[54] A. V. Krukau, O. A. Vydrov, A. F. Izmaylov, and G. E.
Scuseria, Influence of the exchange screening parame-
ter on the performance of screened hybrid functionals,
J. Chem. Phys. 125 (2006).

[55] P. Borlido, T. Aull, A. W. Huran, F. Tran, M. A. L.
Marques, and S. Botti, Large-scale benchmark of ex-
change–correlation functionals for the determination of
electronic band gaps of solids, J. Chem. Theor. Comput.
15, 5069 (2019).

[56] D. O. Scanlon, B. J. Morgan, and G. W. Watson, Mod-
eling the polaronic nature of p-type defects in Cu2O:
The failure of GGA and GGA+U , J. Chem. Phys. 131,
124703 (2009).

[57] B. J. Morgan, D. O. Scanlon, and G. W. Watson, The
use of the “+U” correction in describing defect states
at metal oxide surfaces: Oxygen vacancies on CeO2 and
TiO2, and Li-doping of MgO, e-J. Surf. Sci. Nanotech. 7,
389 (2009).

[58] P. Deák, B. Aradi, and T. Frauenheim, Polaronic ef-
fects in TiO2 calculated by the HSE06 hybrid functional:
Dopant passivation by carrier self-trapping, Phys. Rev.
B 83, 155207 (2011).

[59] B. J. Morgan and G. W. Watson, Polaronic trapping of
electrons and holes in anatase TiO2, Phys. Rev. B 80,
233102 (2009).
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